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PREFACE

B.N. Bhat
NASA - George C. Marshall Space Flight Center

Aluminum-Lithium (Al-Li) alloys are the new generation of lightweight, high modulus alloys some of which also have
high strength and high fracture toughness. These alloys offer high strength-to-weight ratios which makes them attractive
for acrospace applications that require high strength but Lightweight materials. For example, in the Space Shuttle External
Tank, which is currently made from 2219 (Al-Cu) alloy, it is proposed to use 2195 (Al-Li-Cu) alloy that is 5% lighter
and 30% to 40% stronger than 2219. This substitution is expected to result in a weight reduction of nearly 8000 Ibs.
(3600 kg) and will help to increase the Shuttle payload by nearly as much. Similar applications are being studied in other
areas such as Single Stage to Orbit vehicle which also depends for its success on the use of lightweight, high strength
materials.

The Workshop on Al-Li Alloys for Aerospace Applications was held as a part of the sixth biennial conference on
Advanced Earth-to-Orbit (ETO) Propulsion Technology. The purpose of the workshop was to disseminate to the
propulsion community results emerging from government laboratories, industry and universities actively engaged in
research, development and testing of Al-Li alloys. The workshop was particularly timely in light of the fact it was being
organized at the time when Martin Marietta Manned Space Systems got the go ahead to develop the Al-Li Super
Lightweight External Tank for the Space Shuttle.

The Al-Li workshop was sponsored by the office of Advanced Concepts and Technology at NASA Headquarters. A
steering committee consisting of members from the government, industry and universities was formed to organize the
workshop. In addition, a number of people have contributed to the successful organization of this workshop. These
inchude organizers of the ETO Conference who made the arrangements - R. Richmond aml F. Perter of MSFC, and S.Wu
and P. Conder of University of Alabama in Huntsville. I would like to thank R.J. Schwinghamer for the opening remarks,
and the authors, the presenters, and the participants for making the workshop a success. 1 would also like to acknowledge
the help of NASA-MSFC Technical Publications Department in publishing the workshop proceedings.
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OPENING REMARKS

R.J. Schwinghammer

Deputy Director for Space Transportation Systems,

NASA - George C. Marshall Space Flight Center
Good morning ladies and gentlemen. I wonder if you know how fortunate you are? You
may not think you are fortunate but you really are. You’re in the process here of creating
something in the state of the art and rolling back the frontier, especially in the area of
structures and aluminum metallurgy. How many times in one’s career do you get to do that?
Think back in your own careers, you older folks and you younger ones, how many times do
you get to put something into the literature, to make this contribution, that will be a part of
you somewhere in this 40 or 50 years hence; And so, in essence, you are establishing data
for future generations’ use as well as solving an immediate problem. So I think that
sometimes we forget that we are making that kind of a contribution. That is very important.
Much of what you do here today is probably going to go down in the annals of structures
and metallurgy. You can look at it that way. I don’t think that’s an exaggeration to say
that. And I think your work, if you think about it, even has the essence of global
competiveness in it. It is pretty important. If this really works its going to alter how we
design aircraft and it certainly is going to influence how we design spacecraft and launch
vehicles, so that gets you easily into the sphere of global competiveness. And I just think it
must be gratifying to participate in one of the most outstanding accomplishments in the
aluminum industry in the last 30 years or so; its really a stride forward. I can remember 30
years ago when we were excited about 2219. We were going to put that in the Saturn 5 and
also in the first stage of the SIC. And I guess you already know how NASA is depending
on you. Did you know NASA is depending on you, did you realize that? We depend on
you. Because if we are going to have a space station at all and in order to cooperate with
the Russians we have to launch in a 51.6 degree inclined orbit. And to do that cuts very
heavily into the payload on the Space Shuttle. It cuts so heavily into the payload that we
can’t get enough payload to fly the modules and so we need aluminum-lithium (Al-Li). We
hope to gain in the vicinity of 8000 pounds by using both liquid oxygen and liquid hydrogen
tanks made from Al-Li 2195. So you see what you are doing here has international

implications. It’s not an exaggeration to say that without the successful Al-Li program, we



are not going to have a space station. Of course, we may get preempted by some bad news
from Congress and we hope that doesn’t happen. We do need that Al-Li to have a space
station, so those two things are in tandem and dependent on one another. I'd like to leave
another thought with you to encourage you to persevere. I have always admired old T.R.
(Teddy Roosevelt) and he gave a Harvard speech that I think captured it very nicely when he
said, "Far better it is to dare mighty things to win glorious triumphs, even though checkered
with failure than to take rank with those poor spirits, who neither enjoy much nor suffer
much because they live in the great twilight that knows neither victory nor defeat”. Keep
that in mind. You have a chance for victory here. Well, you know you have a very
impressive agenda to say the least, I looked through it and it is certainly a very impressive
agenda. So I propose to get out of the way so you can get down to business. But I do want
to thank you all for coming, and to thank you especially for your strong technical

contributions to this activity. Good luck.



TECHNICAL SUMMARY

E.A. Starke, Jr.
University of Virginia, Charlottesville, VA

B.N. Bhat
NASA George C. Marshall Space Flight Center

The Al-Li workshop covered different aspects of Al-Li alloys, viz., physical and process metallurgy, mechanical and
corrosion properties, welding and joining, and forming. The first session covered physical metallurgy, characterization,
and new refining methods for Al-Li alloys. Starke presented an overview of the relationships between composition, grain
and precipitate stnucture and mechanical properties of these promising materials. There are three generations of Al-Li
alloys: 1) Those produced in the 50's and 60's, (e.g., 2020 and 1420) that had either ductility and fracture toughness
problems (2020) or were of relatively low strength (e.g., 1420); 2) those produced in the 80's, (e.g., 2090 and

8000) that had attractive high modutus and low density but anisotropic mechanical properties; and 3) the more recent high-
strength Weldalite-type alloys, e.g., 2195. Al-Li alloys as a group have attractive fatigue properties, are amenable to
superplastic forming, display moderate to good weldability, and can be chemically milled, bonded, anodized, alclad and
painted. On the debit side, they often display considerable anisotropy, especially in the short transverse direction. They
are more susceptible to surface oxidation and are prone to warping during quenching. Commercial applications of Al-Li
alloys have been slow in part because of high cost and processing difficulties.

A presentation by Mihelich and coworkers described vacunm refining of Al-Li alloys developed to achieve low alkali
metal impurities (AMI's), i.e., <1 ppm each of Na, K, Cs, and Rb. The object is to prevent the formation of alkali-rich
grain bourdlary phases that can be liquid at room temperature. Besides the removal of AMI's, vacuum refining removes
hydrogen from the melt allowing for residual hydrogen contents of <0.2 ppm in the wrought products.

Their results showed that low AMI alloys had significant improvements in S-L fracture toughness when compared with
those with AMI contents of 5 to 10 ppm that is obtained commercially by conventional melting and casting techniques.
The most significant improvement was shown for the lowest strength alloy studied, i.e. 440 MPa (62 ksi). The
improvement for the alloy aged to 492 MPa (71 ksi) ultimate tensile strength was very small and possibly within the
scatter ban for their fracture toughness tests, Although, this refining practice shows some potential, more work
needs 1o be done, especially for the higher strength alloys, e.g., 2195, to determine if the improvement warrants the extra
expense associated with the process.

Fundamental papers were presented by Yaney, Soni arx coworkers on ultra low density alloys containing high percentages
of Li. Yaney reportad on successful rapid solidification (spray casting) of Al-5Li-0.2Zr alloy. Wang and Shiflet discussed
stres-assisted precipitation of the delta prime (5' ), AlLi, phase in a binary Al-2.27Li alloy. Commercial Al-Li alloys
exhibit strong yield strength anisotropy when compared to conventional 7XXX and 2XXX aerospace alloys and Vasudevan
reviewed the current state of understanding of this behavior, He noted that the observed anisotropic behavior is only due
in part to the crystallographic texture developed during processing. Anisotropy may also be associated with the platelet
precipitates formed during aging. In addition, grain shape, aspect ratio, and the number of active slip systems can play
a role in the anisotropy.

Morgan and coworkers described an Air Force sponsored R&D program that is directed towards correcting the
anisotropic behavior of wrought Al-Li alloys containing greater than 2 wt. % Li, (i.e., low density alloys,) e.g., 2090 and
8090. Their research is focused on the development of processing procedures that control the crystallographic texture,
grain structure (i.e., degree of recrystallization, grain size and shape), precipitate structure and deformation behavior.
The development of processing maps and process modeling is an integral part of this program. If successful, it will make
a major impact on the future use of the low density Al-Li alloys since their anisotropic behavior is a major roadblock to
their use in advanced aerospace systems. Vasudevan is of the opinion that while this effort is certainly worth pursuing,
different design approaches that take advantage of anisotropy, such as the ones used for anisotropic composite materials,
should also be examined.



Most of the Workshop focused on the latest generation of Al-Li alloys, i.e., the high strength, Weldalite family of alloys,
e.g., 2195 that has been selected for fabricating the super lightweight external tank of the Space Shuttle. This alloy offers
a 30%-40% increase in strength, a 5% increase in elastic modulus and a 5% reduction in density compared with the
conventional 2219 alloy that it will replace. Pickens, one of the original developers of this alloy system, gave an overview
of the relationships among composition, microstructure, and properties. A number of researchers have shown that the
Weldalite-type alloys have superior fatigue resistance when compared with conventional 2XXX and 7XXX alloys.
Environmentally assisted cracking and localized corrosion of 2195 was described by Wall and Stoner and by Langan and
coworkers. The results of their studies suggest that replacing 2219 with 2195 will not result in an increase in
susceptibility to corrosion or SCC. Similar results were reported by Diwan and coworkers for variable polarity plasma
arc (VPPA) welds of 2195 welded with 2319 filler wire.

A reversion aging study of 2195 was described by Hall and Sisk. Reversion aging is of interest to the aerospace industry
for improving producibility and reducing cost for Al-Li structural components. Natural aging occurs at ambient
ternperature after solution heat treatment and quenching of most age hardenable aluminum alloys, including 2195. The
associated strength increase has a detrimental effect on formability. Currently, when the alloys are solution heat treated
and quenched (SHT&Q) at one site and shipped to another for forming operations, etc., they must be stored in dry ice
to prevent natural aging amd to ensure good formability. Hall illustrated that strength and ductility in the reverted
condlitions are not influenced by the time delay between SHT&Q and the reversion aging treatment. Furthermore, after
forming or cold working, the reverted temper material responded normally to artificial aging, achieving T8 properties
comparsble to non-reversion aged material. Although this study is very promising, the authors pointed out that future work
should investigate the effect of reversion on fracture properties and the effect of various reversion temperatures and times.
Since the reversion aging treatments of their current study were conducted at relatively high temperatures (up to 390°F),
precipitation of equilibrium phases at grain boundaries may occur resulting in an adverse effect on ductility and fracture
properties,

Twelve papers were presented on various aspects of welding 2195, an enabling technology for the super lightweight tank.
An alloy is considered to have good weldability if it can be joined by conventional welding processes with a minimum
of defects such as hot cracks, porosity, lack of fusion, and softening in the heat affected zone (HAZ). Although welding
of alumimun-lithium alloys presents technological challenges that exceed those of welding 2219, lower-lithium centaining
Weldalite alloys are reported to have good weldability without hot cracking. Most authors agreed that when the welds
of Al-Cu-Li alloys are fractured the fracture path is intergranular and associated with continuous grain boundary phases.
Crooks and coauthors illustrated that ductility increased with leaner alloys in the order 2094 to 2095 to 2195. This
corresponds to a shift in the failure location from equiaxed zone (EZ) to HAZ to fusion zone (FZ). The amount of second
phases appears much greater at EZ grain boundaries in 2094 than in 2195. It was suggested that the EZ be renamed as
unmixed zone in light of the fact that it consists largely of remelted parent metal with very little mixing with the weld

pool.

The alloy 2195 exhibits better cryogenic ductility and significantly greater strength than the conventional cryogenic tank
alloy 2219, It also exhibits positive fracture toughness ratio (FTR) when going from room temperature to cryogenic
temperatures. This is an important consideration in cryotank applications. The higher strength coupled with higher
modulus and lower density can lead to significant weight savings. Presentations at the workshop illustrated that the alloy
also has good corrosion resistance, excellent fatigue properties, can be near-net-shape formed and, with proper
precautions, can be adequately welded, However, further research needs to be conducted to identify optimum processing
conditions that will ensure that the required combination of strength and fracture properties is obtained in the final
product.

Several papers were presented on the forming of Al-Li alloys. The forming processes included ring rolling, near net
forging, spin forming and bump, rol! and age forming of orthogrid panels. All the work to date indicates that Al-Li alloys
can be successfully formed by these conventional means. The paper by DiTolla covered the crippling strength of 2090;
it appears adequate for fabricating riveted structures. More development work is required, however, to perfect these
processes. Researchers do not see any major problems in these areas.

It was pointed out that applications of Al-Li alloys have been slow considering the fact that they have been around for
some time. One reason appears to be the fact that we still do not understand the Al-Li alloys very well. Al-Li alloys are
complex quaternary or even higher onder systems, e.g., Al-Cu-Li-Mg-Ag. They produce complex microstructures which



consist of a number of equilibrium and non-equilibrium phases. The kinetics of phase transformation is not well
understood. Optical microscopy is not adequate to identify the phases; transmission electron microscopy

and secondary jon mass spectrometry (SIMS) are required. Auger spectroscopic analysis may also be required to examine
segregation at the grain boundaries. It is also important to understand how the various prior processing steps affect the
microstructure and texture, and hence, the mechanical properties of the Al-Li alloys. Further research is required in the
above aress to advance the state-of-the-art in Al-Li alloys.

Another fmportant area of research is welding and joining. There is a consensus that Al-Li alloys are weldable, however,
the weklability is not as good as that of 2219. They crack more readily than 2219 during weld repairs. It is not clear why
these alloys are difficult to weld. The formation of equiaxed unmixed zone with continuous secondary phase at the grain
boundary, appears to be unique to Al-Li afloys and explains part of the problem. Another contributing factor may be
contamination of the weld metal by shielding gases, such as nitrogen, as suggested by Talia and Nunes. The use of
improved backside shielding such as suggested by Bjorkman might help to minimize contamination. Control of weld
parameters including weld wire chemistry might hold the key to improving weldability. Alternate welding techniques such
as laser welding has been explored by Martukanitz and coworkers for partial penetration welds. The weld had excellent
microstructure but had porosity. MSFC Materials and Processes Laboratory is actively pursuing improved welding
technology for Al-Li alloys. Areas of activity inchude weld modeling and reduction of stresses during welding to minimize
cracking.



ALUMINUM-LITHIUM ALLQOYS

E.A. Starke, Jr.* and C.P. Blankenship, Jr.**
*Department of Materials Science and Enginecring
University of Virginia
Charlottesville, Virginia 22903
**General Electric Corporate Rescarch and Development
Schenectady, New York 12301

L Introduction

The interest in aluminum-lithium alloys
derives from the large effect that lithium additions
have on the modulus of aluminum, a six percent
increasc for every weight percent added, and the
density, a three pereent decrease for every weight
percent added [1). These changes are for lithium
additions up to threce weight percent. Recently, a
second generation of aluminum-lithium alloys has
been developed that has yield strengths as high as
700 MPa with strains to fracture of ten pereent [2].
There is currently a wide varicty of aluminum-
lithium alloys available, Table 1.

This paper will review the relationships
between the microstructure and properties of
these new materials and will rely heavily on our
recent research. It is a modification of a paper we
presented at the 40th Sagamore Army Materials
Rescarch Conference in September, 1993. The
large volume of papers on aluminum-lithium
alloys prevents a complete comprehensive review
ol the litcrature.

Structure

Composition: There are essentially two
classes of aluminum-lithium alloys: those that
contain copper additions and those that do not,
e.g., 1420. All, however, have a number of things in
common due to concern over the low fracture
propertics that plagued the early lithium-
containing alloys, e.g., 2020. The presence of tramp
elements, ¢.g., sodium, potassium, calcium,
hydrogen and sulphur, has been shown to
adversely affect fracture toughness [1] and the use
of high purity lithium metal, fluxing and other
specialized casting processes arc employed to
insure low levels of tramp elements in commercial
alloys. Current users of Al-Li-X alloys normally
require sodium levels below 0.002 wt.%. In
addition, iron and silicon, which form coarse
constitucnt particles when present in age-
hardenable aluminum alloys, are kept to a
minimum. Typical maximum specifications for
iron and silicon are 0.2 and 0.1 weight percent,
respectively, Producers aim for even lower levels
and customers have been requiring levels as low as
0.15%Fe and 0.08% Si. Higher levels of Si have
been shown to increase susceptibility to stress
corrosion cracking [3].

TABLE 1. Current Al-Li Alloys and Compositions
Element in Weight %

Alloy Li Cu Mp Zr Ag Mn
1420 1822 - 49-55 012 - -
2090 19-26 24-3.0 - 0.08-0.15 - -
2091 1.7-23 1825 1.1-19 0.04-0.16 - -
X2094 0815 44-52 025-0.6 0.04-0.18 0.25-0.6 -
X2095 1.0-1.6 3946 02506 0.04-0.18 025-06 -
8090 2227 1.0-16 0.6-1.3 0.04-0.16 - -
8091 2428 1822 05-1.2 0.08-0.16 - -
X8192 2329 0.4-0.7 09-1.4 0.08-0.15 - -
RX2I8 1.50 28 - 0.12 - 0.30
C255 150 2.86 - 011 - 0.30

f




Concern about the fracture propertics also
lcd 1o the use of zirconium as the dispersoid-
forming element to control the grain structure in
the aluminum-lithium alloys. Stalcy [4] has shown
that the small, coherent AlsZr (8°) dispersoid

particles have less of an adverse effect on fracture
toughness than the coarser, incoherent AlgMn,

AlygMn3Cuy and AljoMgyCr dispersoids that are

employed in many commercial age-hardenable
aluminum alloys. The presence of AlsZr makes it

casicr to produce unrecrystallized structures when
they are desired in certain product forms.
Howecver, some of the newer aluminum-lithium
alloys contain Mn in addition to Zr [5]. The Mn
dispersoids may help 1o homogenize slip and
minimize some problems associated with strain
localization effects, which will be discussed later,
and also make it easier to produce a reerystallized
product when that is required.

Grain Structure and Texture: As a result
of zirconium additions, all wrought Al-Li-X alloys
posscss a pancake grain structure and an intense
deformation texture, although some sheet
products may be processed to produce a
reerystallized grain structure. Almost all Al-Li-X
alloys have anisotropic mechanical properties
resulting from the intense crystallographic
textures, strenpthening precipitates that nucleate
on particular planes of the matrix, and mechanical
fibering. Since most products do not undergo any
recrystallization from the casting operation
through final heat treatment, grain boundarics
usually contain constitucent particles and
impurities, making them weaker than other
boundaries. These features, combined with grain

boundary precipitation and strain localization
effects, result in lower than desired toughness,
especially in the S-L. oricntation of plate. Rescarch
is currently underway [6] to alter these detrimental
effects by processing and chemistry modification.

Matrix Precipitates; The precipitates that
form in Al-Li-X alloys are schematically
represented in Figure 1 [7]. The primary ones used
to strengthen the matrix arc AlzLi (3°), ALCu (87),
AlyCuLi (Ty), and AlCuMg (57). A uniform
distribution of sphcrical, cohcrent & particles is
found in microstructures of most commercial
alloys containing greater than approximately
1.5wt.%Li. The & particlcs are the dominate
strengthening precipitates in Al-Li-Mg alloys and
add strength to 2090- and 8090-type alloys. They
have an ordered L1, structure and are sheared

with relative ease when diametcers are less than
50nm, which is always the case in normal tempers.
The question of shearing versus bypassing is an
important onc, because the presence of shearable
precipitates can lead to an inhomogencous strain
distribution during plastic dcformation [8,9]. As
will be discussed later, this can have an effect on a
wide varicty of properties.

The 2XXX and 8XXX Al-Li alloys
contain copper for added strength since only
medium strengths (370-430 MPa yield strength)
can be obtained in Al-Li-Mg alloys. When
sufficient copper and magnesium arc present,
orthorhombic §* may precipitate as rods or
needles aligned along the <100> directions in the
matrix. The 8’ is partially coherent with the matrix
and shows a strong tendency to nucleate

Af—Li A’!-Li~2’r ~—7— Al-Li-High Cu-Zr ——— Al-Li-High Cu-Low Mg-Zr
8,8 8.68.B &,8.00 T, T, B 8,6,8, T, T, '
(Includes Alloy 2030)
— Al-Li-High Cu-High Mg-Zr
8.8, 8, T, B
{Includes Alloys 2091 and 8091)
S AI—’Li-Low Cu-Zr — —+ Al-Li-Low Cu-Low Mg-Zr
8T, T, B 8868\ T, T, B
{Includes Alloy 8090)
s Al-Li-Low Cu-High Mg-Zr
&, 8,5, AL, MgLi, T, ¥
Figure 1. Schematic illustration of the precipitate phascs that form in Al-Li-X alloys.




heterogencously on matrix dislocations, low-angle
boundarics and other structural inhomogencitics.
The tetragonal 8 precipitates as partially coherent
plates on {100} plancs of the aluminum matrix and
also shows a strong tendency to nucleate on
heterogeneitics in the matrix. The critical diameter
for the transition from shearing to looping for §’
and & range from 2-5om. This number is scaled
upward with the number of dislocations that pile-
up at the matrix/particle interface [10]. The
partially cohercnt hexagonal Ty phase precipitates

as platclets on (111} planes of the aluminum
matrix. Ty also has a tendency to nucleate on

dislocations and low- and high-angle grain
boundarics. The critical diameter for the
transition from shearing to looping is 0.8nm which
results in Ty being a very potent strengthening

precipitate [10].

A dcformation step after quenching and
prior to artificial aging, the T8 temper, is often
used to accelerate aging, increase strength, and
improve the strength/fracture toughness
combination in commercial Al-Cu-Li-X alloys.
The effectivencss of the T8 temper is related to the
interfacial strains of the precipitates, being highly
effective for precipitates having large interfacial
strains e.g., 8, and 6, since the total strain present
is minimized when the interfaces are associated
with dislocations. The mechanism appears to be
morc complicated for Ty, It scems that it is the
creation of jogs and kinks during plastic
deformation, rather than dislocations, by and in
itself that provides conditions for increased
nuclcation of Ty [11]. Consequently, plastic strains

larger than normally used, e.g., for 2024, are needed
to provide sufficient sites for rapid Tp nucleation
and growth in alloys such as 2090 {12]. The current
practice is to stretch approximately 6% compared
to the 2% used for 2024-T8,

Additions of minor alloying eclements
such as cadmium, indium, tin, silver and
magnesium can significantly affect the nucleation
of strengthening precipitates in Al-Cu-X alloys
[13]. Although cadmium was uscd as a nucleating
agent for @' in 2020, only 2095 currently uses
nucleating agents, silver and magnesium, to aid in
the precipitation of the strengthening phase,Ty.

Grain Boundary Precipitales and
Precipitate Free Zones: In addition to matrix
precipitation during aging, heterogencous
precipitation of equilibrium phases occurs at grain
boundaries. Depending on composition, the
precipitates may be AILI (8), AlgCuLiy (Tp,
Al;Cu (8), AlCuMg (8), and a Ty phase of

unknown chemical composition. Although a
stretch prior to aging has a significant effect on the
aping kinetics, volume fraction and number
density of matrix precipitates in Al-Cu-Li-X alloys,
it has no cffect on the size and volume fraction of
grain boundary precipitates [14]. Nucleation and
growth of equilibrium phases at grain boundarics
deplete the adjacent region of solute resulting in a
solute-depleted precipitate free zone (PFZ)
adjacent to the grain boundaries. PFZ’s may be
minimized by lowering the aging temperature,
which increcases the solule supersaturation, and
thus the driving force for homogeneous
decomposition, and decrcases diffusion rates,
which decreases the nucleation and growth of the
equilibrium precipitates.

[II. Deformation and Fracture Behavior

Deformation in Al-Li-X alloys depends
on the alloy composition and heat treatment and
may be homogeneous or localized. Strain
localization may result from the shearing of matrix
precipitates or preferential deformation in softer
PFZ’s. When a precipitate is cut by a moving
dislocation, the resistance that the precipitate
offers to subscquent dislocation motion is
reduced, resulting in a localization of slip. Duva et
al. [15] have developed a model to quantify the slip
intensity in deformed microstructures which is
related to the number of dislocations expected in a
slip band for particular volume fraction and
particle size. The model takes into account the
particular strengthening mechanism associated
with the precipitate, The intense slip bands, which
result from “slip plane softening™ associated with
shearable precipitates, may themselves be the
regions of premature fracture, or they may impinge
on grain boundaries and aid in intergranular
fracture {16).

Jata and Starke [17] developed a model for
transgranular fracture associated with shearable
precipitates which was later modified by Roven
{18]. The model relates the fracture toughness to
slip band width, Wgg, and slip band spacing, Ssp.
The slip band width decreases and the slip band
spacing increases with increasing strain
localization when particle shearing occurs, as
predicted by Duva et al. [15]. The modificd model
is expressed by:

Ko =(2ScaWspo,E/MtanaSsp)i2 - (1)

where Kyc: is the planc strain fracture toughness

for transgranular fracture, E is Youngs modulus,
is the angle betwecen the slip planes and the crack




plane, oy is the yield stress, Sgp is the spacing of

the grain boundaries and M the Taylor crystallo-
graphic orientation factor. This equation applies
to the case where strain localization occurs in the
matrix and, therefore, for most underaged to
pcakaged Al-Li-X alloys.

Strain localization in the PFZ has a similar
effect to that in the matrix and produces stress
concentrations at grain boundary triple junctions.
Grain boundary precipitates, which are the cause
of the PFZ’s, also have a major deleterious effect
on fracture resistance since they are sites for
microvoid nucleation [19]. Although a stretch
prior to aging does not affect the kinetics of grain
boundary precipitation and PFZ formation, it does
accelerate matrix precipitation so that peak
strength can be obtained in a shorter time than
without a stretch. A stretch in combination with
the lowest practical aging temperature, can
produce the best strength/fracture toughness
combination since grain boundary cffects will be
minimized. However, in peakaged and overaged
conditions there is a high probability that
deleterious grain boundary precipitates and
associated PFZ’s will be present. For these
conditions, strain localization in the PFZ,
microvoid nucleation at grain boundary
precipitates, and intergranular fracture may occur
and determine the fracture toughness of the
material.

Hornbogen [20] used the critical strain to
fracture concept of Hahn and Rosenfield [21] to
develop a relationship between fracture toughness
and strain localization in the PFZ similar to
equation (1). For this case, crack initiation and
propagation take place through the soft PFZ, and
the fracture toughness is described by:

Kici =[CEGprtrpr(dpr/Scp112  (2)

where dpy, is the width of the PFZ and Cis an
empirical constant with the dimension of length.

Sugamata et al. {22] have examined the
fracture toughness of an 8090 alloy as a function of
age hardening. They also made quantitative
measurements of microstructural, deformation,
and fracture features for input into equations {1)
and (2) to calculate fracture toughness as a
function of age hardening. Equations (1) and {2)
were weighted by the fraction of transgranular and
intergranular fracture features determined on the
fracture toughness samples by scanning electron
microscopy, i.e., the calculated fracture toughness
was determined by:

Kic = FKic + FiKici 3

where Fy and Fj are the fraction of transgranular
and intergranular fracture, respectively. Figure 2
shows a comparison of predicted fracture
toughness values with those measured
experimentally. The fit is remarkably good,
considering the possible sources of error.
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Figure 2. A comparison of predicted fracture
toughness to those measured experimentally.

The problems associated with grain
boundary precipitates and PFZ’s may be
minimized by a stretch and low temperature aging.
The benefits of this approach were illustrated for
Al-Li-X alloys by Ashton et al. [23] and Lewis et al.
[3]. Blankenship and Starke [24] have recently
shown that the fracture toughness of 2095 may be
irmproved by 50%, with no deleterious effect on
either the strength or fatigue resistance, by aging at
125°C instead of the conventional temperature of
165°C. The improvement was directly related to a
reduced density of Ty planes on subgrain

boundaries and the related transition from
intersubgranular fracture to transgranular dimpled
rupture,

When low fracture toughness is associated
with shearable precipitates, thermal treatments
alone to improve this property are often
impractical. Long time aging, i.e., overaging, may
bc accompanied by a transition from shearing to



looping of the strengthening precipitates and an
improvement in the homogeneity of deformation.
However, this is almost always accompanicd by a
significant penalty in strength and fracture
toughness. Cassada et al. [9] showed that the
addition of a non-shearable precipitate may
homogenize deformation even when the major
strengthening precipitate is shearable. They added
germanium to a binary Al-Li alloy that normally
exhibited coarse slip bands after deformation.
Germanium rods 20nm in length effectively
dispersed slip, and the fracture mode changed
from low energy intergranular to high energy
transgranular shear.

Gregson and Flower [25] studied the
ability of Ty plates and S’ rods to homogenize slip.

The authors concluded that Ty failed to prevent

strain localization. However, Blankenship et al.
[10] have shown that the critical Ty particle size for

the transition from shearing to looping is 0.8nm,
and that the thickness of Ty in 2090 and 2095 is

2nm. As mentioned previously, the critical
particle size scales with the number of dislocations
that “pilc-up” at the interface of the particle. If a
shearable precipitate, e.g., 8, and the spacing
between the Ty are large enough to accommodate
a sufficient number of planar dislocations, Ty may
be sheared resulting in strain localization and
planar deformation as normally obscerved in 2090-
T8. On the other hand, when Ty is the dominate
strengthening phase, and little or no &' is present,
e.g., in 2095-T6 or 2095-T8, Tj is not sheared and
deformation is homogeneous.

Crooks and Starke [26] showed that
dcformation of Al-Cu-Li-X alloys can be
homogencous if a fine distribution of S’ is present.
Gregson and Flower [25] also concluded that the
S’ phasc was an effective barrier to planar slip in
microstructures where a uniform §° distribution
was produced. The presence of S does not
guarantee homogeneous deformation, however, as
illustrated by Blankenship et al. [10]. Analogous to
the results described for Ty, the shearability of §°
depends on its size, spacing and the number of
planar dislocations impinging on the particle
interface.

Recent work by Lynch [27,28] has shown
that short-term, high-temperature heat treatments
followed by cold-water quenching increased
toughness (as measured by double cantilever
beam tests) by 180% with a 7% loss in strength.
His explanation focused on solid-solution lithium
atoms embrittling grain boundarics. He

10

speculated that a short, high-temperature exposure
allowed grain boundary lithium atoms to diffuse
rapidly to grain boundary precipitates. Since the
treatment was short term, Lynch suspected matrix
diffusion of lithium atoms was unable to replenish
the depleted lithium solid solution on the
boundary. Due to spatial resolution limitations
and difficulties associated with detecting lithium
atoms, secondary ion mass spectrometry and other
techniques were unable to confirm or dispute the
theory.

Blankenship and Starke [29] investigated
double aging effects, similar to that conducted by
Lynch, on deformation behavior and resulting
fracture toughness in S-L and L-T orientations of
8090. Second step aging was performed in the 210-
310°C range for 3-10 minutes. Dramatic increases
in S-L toughness were observed while L-T
toughness increased slightly. Kjc values, along
with corresponding strengths, are listed in Table 2.
Strained tensile bars were sectioned and examined
by transmission electron microscopy to reveal the
deformation mode of each heat treatment. The
T8771 temper exhibited narrow, intense slip bands,
while double aged samples exhibited
homogeneous deformation. This behavior was
attributed to a combination of &’ dissolution and
growth of §.

TABLE 2. AA8090 Strength and Toughness

Values
Yield Strength

Temper (MPa) Kic(MPa ¥m)

S S-L
T3 210 44*
T8771 360 13
2105 340 16
210_10 350 20
210_15 345 22
230_5 340 22
230_10 340 27
250_5 330 24
3005 260 45%
AF10
AF15 300 31
AF25 275 34
100_145 385 14

L L-T
T8771 500 30
230_5 505 38

*Kq values (insufficient sample thickness to
maintain plane strain)



1Y. Fatjgue Crack Growth

Fatigue crack growth behavior may be
divided into two categories: contributions by
extrinsic crack tip shielding mechanisms and
intrinsic crack growth resistance. Al-Li-Cu-X
alloy microstructures may be altered to
accommodate monotonic and cyclic strain either
by intensely localized slip or by more
homogeneous deformation. Important
microstructural features affecting slip have been
identified [1,8-10]; however, the relationships
between intrinsic fatigue crack propagation rates,
deformation, and cracking modes are not well
understood. By virtue of their coarse planar
deformation, 8090-T8771 and 2090-T8 are expected
to exhibit extensive crack branching and
deflection. This behavior should lead to higher
degrees of closure than in 2095, which deforms
homogeneously, and in conventional age-
hardenable aluminum alloys that do not exhibit
coarse planar slip.

Slavik et al. [30] recently investigated the
influences of microstructure and deformation
mode on incrt environment intrinsic fatigue crack
propagation for Al-Li-Cu-Mg alloys 2090, 8090,
and 2095 compared to 2024. Their results are
shown in Figure 3. The amount of shearable &'
precipitates and extent of localized planar slip
deformation were reduced by composition
(increased CwLi in 2095) and heat treatment
(double aging of 8090). Intrinsic growth rates,

obtained at high constant Kp,, to minimize crack

closure in vacuum and to eliminate any
environmental effect, is alloy dependent; da/dN
varies up to tenfold based on applied AK or AK/E.
When comparisons are based on a crack tip cyclic
strain or opening displacement parameter
(AK/(oy,E)172), growth rates are equivalent for all

alloys except 2095-T8 which exhibits unique
fatigue crack growth resistance. Tortuous fatigue
crack profiles and large fracture surface facets
occur for each Al-Li alloy independent of the
precipitates present, particularly §°, and the
localized slip deformation structure. Reduced
fatigue crack propagation rates for 2095 in vacuum
can not be explained by either residual crack
closure or slip reversibility arguments. The origin
of the apparent slip band facets in a homogeneous
slip alloy, such as 2095, is unclear. Further studies
need to be conducted in order to understand crack
tip damage accumulation and fracture surface
facet crystallography for Al-Li alloys with varying
slip localization.

Y. Closure

In addition to those properties discussed
above, there are certain other engineering
properties of Al-Li-X alloys that are attractive in
comparison to conventional bascline aluminum
alloys. For example, most Al-Li-X alloys are
amenable to superplastic forming [31], display
moderate to good weldability [32], can be
chemically milled, bonded, anodized, alclad, and
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Figure 3. Intrinsic inert environment fatigue crack growth rales.
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painted. On the debit side, as noted previously, Al-
Li-X alloys often display considerable anisotropy
in strength and ductility. They are somewhat more
susceptible to surface oxidation at moderate
temperatures and are prone to warping during
quenching (mostly attributable to the relatively
high quenching temperature). Diffusion of
lithium can occur out to the surface during high
temperature heat treatments which may lead to a
lithium-depleted layer, and for sheet products a
reduction in strength [33]. In addition, ALLi-X
alloys may suffer from low ductility and fracture
toughness in the short transverse direction. These
problems are due to a combination of grain
structure, grain boundary precipitates, and
scgregation effects and may be minimized by
improved processing. Most, if not all, problems
associated with Al-Li-X alloys appear to be
solvable by control of chemistry and intelligent
processing methods. The advantages that the
newer Al-Li-X alloys offer in density, modulus,
and strength over conventional aluminum alloys
should lead to an increase in their usage in
acrospace systems.
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Aluminum-Lithium Alloys
Edgar A. Starke, Jr.

Vasu (Office of Naval Research in Washington, D.C.) Regarding the pileups have
you seen whether the pileups are going into the boundary or whether they are just
coming out of the boundary, in the T,?

Good question. Often when Al-Li alloys are fractured large slip steps or offsets are
observed on the intergranular fracture durface. These are associated with dislocations
egressing from the surface and indicate that dislocations were piled up at the grain
boundary. Tom Sanders and I have observed this in underaged Al-Li alloys (which
contain no grain boundary precipitates) as well as in peak aged samples. Although
often intergranular fracutre is associated with the presence of grain boundary
precipitates, as you have shown in your excellent work on the subject, it may also be
due to dislocation pileups at grain boundaries (the two processes may also work
together).

There is one interesting plot you have shownwhich indicates that the number of
particles inthe boundary did not change with stretch.

We conducted a series of experiments in which we collected quantitative data on the
effect of stretch on the nucleation and growth of grain boundary precipitates. We
found that the stretch, although greatly affecting the nucleation and growth of matrix
precipitates, had no effect on the nucleation and growth of grain boundary
precipitates. The stretch did accelerate the nucleation and growth of matrix
precipitates so that the time to peak age was reduced. This resulte din a smaller
volume fraction of grain boundary precipitates in the peak aged condition than would
have been present if no stretch was given prior to aging to a similar strength level. A
large stretch coupled with low temperature aging obviously results in a better
strength-fracture toughness combination since this precess results in a smaller volume
fraction of grain boundary precipitates.

Since the solute is getting sucked away, you would expect to see some change in the
production in grain boundary precipitates, therefore, something else is influencing it.
There is a competition that creates the lack of solute in the grain boundary. The
chemistry is the thing that really defines the event at the boundary.

We also believe that we would see some affect on grain boundary produciton.
However, the heterogenous nucleation at the grain boundary must dominate the
reaction as a function of time.

Is there a lot of solute bonded to the subgrain boundary; more than associated with
T1?
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We always observed precipitation on subgrain boundaries, with or without stretching
prior to aging.

Does that remove the solute?

Yes, again as you stretch you accelerate the kinetics of matrix precipitation so less
time is required to reach peak strength and therefore less time to nucleate and grow
subgrain and grain boundary precipitates.

Pickens (Martin Marietta) We see the same thing for 2195 alloys; i.e. less T, with
more stretch, so the competition for solute while stretching reduces the particles on
grain boundaries and subgrain boundaries as well.

Not for the same aging time though Joc.
Same strength level.

Yes, same strength level but you reach that strength in a much shorter time if a
stretch is given prior to aging.

I am just agreecing with you.

OK, we agree that you reach a given strength level in a shorter time with a stretch so
you have less grain boundary precipitates and less T, on subgrain boundaries.

Vasudevan - The grain boundary precipitates lower your strength, that is the reason I
asked the aging time.

Yes, the aging time is the key, and the advantage of the stretch is to reduce the aging
time which results in less grain boundary and subgrain boundary precipitatcs. That is
why even for an alloy that contains nucleating agents like Mg and Ag (like in Joe’s
2195) one is betteroff putting a stretch in the processing. This leads to a better
strength-fracture toughness combination.

Troy Tack (Ashurst) In one of the slides you mentioned that for the sheet products a
fine crystallized structure is better for fracture toughness. Do you feel that is true at
cryogenic temperatures as well? I believe that Rob Ritchie showed the reverse trend
was true with the recrystallized sheet. In other words, one would go from a mixed
mode failure to ambient temperature to a higher strength with sheer fracture at lower
temperatures.

That may be true. The data that I was showed and the conclusions that I reached was

based on work on 8090 that was conducted at ambient temperature. The results of that
work indicated that at ambient temperature a recrystallized product was best for sheet
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(plane stress) and an uncrystallized product was best for plate (plane strain).

Roy Crooks (Navel Post Graduate School) I have a question on the nature of the grain
boundary precipitates, that are considered bad. Is that more due to a large number of
precipitates compared to other aluminum alloys or is it because the precipitates
themselves have poor properties.

Well, I think it is the combination of both. The grain boundary precipitates that
form in alloys like 2090 and 8090 seem to "snake" along the grain boundary’ they do
not appear in globular form like precipitates normally observed in 2024 and 7075.
Consequently, 1 believe that the grain boundary precipitates in the Al-Li alloys are
more detrimental to fracture properties because they cover a larger area of the grain
boundary. However, the properties of the precipitates and/or the cohesive strength of
the matrix might also be lower. I don’t know what is the major contributing factor
causing the grain boundary precipitates in Al-Li alloys to appear to have more of an
adverse effect thatn those in other age hardenable aluminum alloys.
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Abstract

For over a decade, the potential property
advanages of Al-Li allovs led aircraft
manufacturers and aluminum producers to invest
enormous resources to develop Al-Li allovs
primarily for acrospace applications. As a result,
several Al-L.1 allovs have been commercially
available for the last few vears. However.
utilization of these allovs is still limited, especially
for durability and damage tolerant applications.

Recently, Revnolds Metals Company
(RMC) has commercialized the Weldalite®049[ 1]
family of Al-Li allovs with an emphasis on damage
tolerant applications. These alleys include: 2195,
for cryvogenic tank applications on space launch
systems. X2096, for replacement of 7075-T6 and
7050-T76 with 6% and 7% weight savings.
respectively: and RX818/MI.377, for elevated
temperature applications. In additton, RMC has
registered AA2197 which 15 an Al-Cu-Li-Mn allov
with excellent fatigue resistance, thermal stability
and short transverse ductility. The unique property
combination of AA2197 plate is most suitable for
very thick gauge bulkhead applications.

This paper will discuss some of the
critical properties of these allovs such as: fracture
toughness, short transverse ductility, strength
anisotropy, stress corrosion cracking resistance. and
thermal stability.

I. Introduction

Li addition to Al allovs offers an attractive
property combination ef low density, high elastic
modulus and high strength. This makes Al-Li
alloyvs excellent candidate materials for aircraft
structural applications. However, for Al-Li alloyvs
with high i content, some technical concerns exist
in the area of {racture toughness, stress corrosion
crackmg resistance. thermal stability and/or short
transverse ductility.
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In order {o develop commercially viable
Al-L1 alloys, RMC has avoided cxcessively low
density or 'excessively high strength targets, and has
maimtained 115 emphasis on durability and damage
tolerant applications. RMC demonstrated that,
material properties of Al allovs could be improved
with moderate Li additions. Therefore, the goal of
the Al-Li alloy develepment program at RMC is to
achieve material performance improvement by a
moderate combination of mechanical property
improvement and density reduction.

II. Selection of Alloy System

RMC's Al-Li alloy development cfforts are
based on three alloy systems; Al-Cu-Li-Mg-Ag
system for high strength applications, Al-Cu-Mn
system for thick plate bulkhead applications with
improved fatigue resistance and reduced anisotropy,
and Al-Mg-1.1 system for very low density
applications. At present, RMC has commercialized

TABLE 1 - Al-Lj alloys for Aerospace applications
available from Reynolds Metals Company

Al-Cu-Li-Mg-Ag system(Weldalite® 049)
AA2195 - 098 Ibs.fin’ (2,72 glem®)
HighStrength/Cryogenic Fracture toughness

AAX2096-.095 Ibs.Ain*(2.63 glem®)
Low density/high strength/toughness
7050-T76, 7075-T6 replacement

RXR18/MIL.377 - .097 Ibs./in’(2.68 g/cm®)
Elevated temperature applications
2618, 2519 replacement

ACu-Li-Mn system

AA2197 - 096 lbs/in’(2.66 g/cm’)
2124-T, 7050-T74 Thick plate
replacement




Al-Li alloys for acrospacc applications based on the
former two alloy systems. Table | shows the
commercially available Al-Li alloys for acrospace
applications.

III. Al-Cu-1.i-Mg-Ag system

Al-Li alloys based on the Al-Cu-Li system
arc known for their high specific strengths due 1o
the Jow density from Li addition and high strength
from the very effective Ti strengthening phase.
These alloys can be further improved by controlling
the Cu:l.i ratio and adding Mg and Ag. The
addition of small amounts of Mg and Ag lowers
the solubility of L1 in solid solution [2]and helps
nucleation of T1 precipitates[1]. The finer Ty
precipitates result in an improved fracture toughness
for given strength levels. Small Ag additions
significantly improves stress corrosion cracking
resistance [4]. RMC has confirmed these attractive
property combinations by conducting exiensive
evaluations of the Al-Cu-Li-Mg-Ag system
(Weldalite® 049) for the last six years by both
laboratory and commercial production scale
activitics. RMC has been successfully casting
commercial scale rectangular ingots with a cross
section as large as 16 inch (406 mm) thick by 60
inch(1524 mm) wide.

Among the Al-Cu-Li-Mg-Ag based alloys,
2195 and X2096 alloys are the most mature.
RXB18/MIL.377 alloys are still in the development
stage under NASA-Langley Laboratory funding[6].

TABLE 2 - Registered Composition Limits of Al
Cu-Li-Mg-Ag (Weldalite® 049) and Al-Cu-Li-Mn
Alloys
Weight %

Elements AA2195 AAX2096 AA2197
Cu 37-43 23-30 25-31
Li 80 -1.2 13-19 1.3-17
Mg .25 - 80 .25 - .80 .25 max
Ag 25 - .60 25 - 60 - -
Zx 08 - 16 08 - .18 08 - 15
Mn .25 max .25 max 10 - .50
/n .25 max .25 max .05 max.
Fe .15 max .15 max .10 max
Si .12 max .12 max 10 max
T1 .10 max .10 max .12 max
Other.ea. .05 max .05 max .05 max
Other,total .15 max. 15 max. .15 max
Al Remain, Remain. Remain.

AA2195 15 a high strength weldable alloy that is
designed to replace AA2219 on welded cryogenic
fuel tanks in space launch systems. AA2096 is a
low density, high strength and high fracture
toughness alloy designed to replace 7075-T6 and
7050-T76 for aircraft structure applications.

A AA2195

AAZ195 was developed to replace AA2219 for
welded ervogenic fuel tanks. Compared to
AN2219, AA2195 offers 40% higher strength and a
5% weight savings. The alloy was optimized to
meet the Marshall Space Fight Center (MSFC)
requirements for cryogenic fracture toughness and
stress corrosion cracking (SCC) resistance. The
required fracture toughness tests are conducted
using surface crack tension test specimens shown in
Figure 1. The MSFC specifications require that the
fracture toughness values {Ka/2) at cryogenic
temperatures be greater than or equal to the values
at room temperature. The test location is at the T/2
plane for thin plate gore panels and ogive sections .
Figure 2 shows the surface crack tension test results
for 0.5"(13mm) thick 2195 -T8. The Ka/z values at

T EOM Notch
X 30deg max
! ™17 05a min
¥
A

Section 8.8
|

“% s
——b wo Stage
Fatigue \
L=2W 1 Precrack

EDM Notch

Figure 1 -- ASTM E740 Surface Crack Tension Test
Specimen

T/2 plane at cryogenic temperatures of -320°F (-
195°C) and - 423°F (-253°C) arc higher than those
at room temperature. The test locatien for thick
plate barrel panel sections s at the T/8 plane.
Figute 3 shows the surface crack tension test results
for 1.75"(44.5mm) thick 2195 -T8. Again, the Ka/2
values at the T/8 plane at the cryogenic tempera-
turcs of -320°F (-195°C) and - 423°F (-253°C) are
higher than those at room temperature.

In most aerospace and aircraft applications,
stress corrosion cracking(SCC) resistance 1s a




0.125" gauge specimens, a = 0.090" and 2¢ = 0.25".
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Figure 2 Surface crack tension results for 0.5"
(13mm) gauge 2195-T8 plate at the T/2 plane.
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Figure 3 Surface crack tension results for 1.75"
(44.5mm) gauge 2195-T8 plate at the T/8 plane.

critical property. The MSFC specification requires
that the SCC threshold stress be more than 75% of
the tensile yield stress in the test direction. SCC
tests were conducted under applied stresses of up to
60 ksi(414 Mpa) to meet this requirement. Table 3
contains the SCC test results for 2195 plate in the
short transverse direction. The data demonstrate
the excellent SCC resistance of 2195 plate, a
characteristic of all Reynolds' Al-Cu-Li-Mg-Ag
alloys. In summary, 2195-T8 plate exhibits
significant property improvement compared to alloy
2219 , specifically good cryogenic fracture
toughness and SCC resistance are obtained at 40%
higher strength.

B. AA X2096

AAX2096 was developed to replace 7075-T6
and 7050-T76 for aircraft applications.
Development of an alloy for aircraft structural
applications requires maximizing weight savings
while maintaining durability and damage tolcrance
requirements.  To lower the density, lithium
content was increased in X2096 compared to alloy
2195. However, to ensure good damage tolerance
and durability, the Li:Cu atomic ratio was
controlled to avoid &' phase field [6]. As a result,
X2096 exhibits an excellent combination of
mechanical properties and corrosion resistance.
Typical properties of thin gauge .75 inch (19mm)
X2096-T8 temper plate are listed in Table 4. Both
tensile properties and fracture toughness properties
are sufficient to replace 7075-T6 and 7050-T76.
Additional mechanical properties of X2096 wrought
products are presented elsewhere [3].

C. RXR]8

Successful development of the high speed
supersonic civil transport depends on the
availability of high performance elevated
temperature materials. Boeing Aircraft Company
proposed several ambitious damage tolerance
property goals for ingot metallurgy aluminum
alloys. For such elevated temperature applications,
RMC developed the RX818 alloy which utilizes a
unique Cu:Li ratio to avoid grain boundary
precipitates and &' particles in the matrix. The
nominal composition of RX818 alloy is Al-3.5%
Cu-1.0% Li-.4% Mg-.4% Ag-.13% Zr. Having
grain boundaries frec of precipitates, RX818-T8
plate showed very high ductility in the short
transverse direction. The test results for
1.5"(38mm) gauge RX818-T8 plate in Table 5
show the average value for a 7.2% tensile
elongation, which is unusually high for Li
containing alloys in the short transverse direction .

Recent work on RX818 sheet gauge product at
RMC indicates that RX818 alloy could meet
Boeing's requirements for high combination of
strength and fracture toughness during the long
term elevated temperature service environment.
Tensile yield stress vs. plane stress fracture
toughness (Kc) values are plotted in Figure 4 along.
with properties of 7075-T6, 2024-T3 and 2090-T8
sheet. Note that the RX818 sheet properties shown




TABLE 3 -- Stress Corrosion Cracking

Resistance of 1.5 inch (38mm)

2195-T8R73 Plate

Applied  Test Time to
Stress Type/Dir.  Failure
40ksi Tensile/ST  NFNFNF
(276MPa)

50kst Tensile/ST  NF NF NF
(345MPa)

GOksi Tensile/ST  NF NF NI
(414MPa)

ASTM G47 and ASTM (44 for 30 days (3.5%
NaCl Alternate Immersion)

effect of recrvstallization indicated that, afler a
thermal exposure, a recrystallized RX818 variant
alloy(ML377) exhibited superior fracture toughness at
a shghtly reduced strength, compared with
unreerystallized RX818 alley sheet. In erder to
confirm the effect of grain structure on the
mechanical propertics and thermal stability, both
unrecrystallized (RX818) and reerystallized (M1.377)
sheet product have been fabricated from plant scale
ingots.  Figure 5 compares the tensile yield stresses
of 090" (2.3mm) gauge RXR18 and ML377 in T8
termper. ML377, which has a recrystallized
microstructure, does not show the strength anisotropy
of RX818. In Figure 6, MLL.377 sheet in T3 temper
shows uniform ductility in all three directions
indicating a better sheet forming capability than
RX&18. Figure 7 shows the combination of tensile
yicld stress and fracture toughness of RX818 and
ML377 in the T8 temper condition.  Again ML377
shows good fracture toughness values at a slightly
lower strength than the RX818 alloy,

The current effort to further optimize the
allov composition and processing of RX818

TABLE 4 -- Typical Mechanical Properties of 0.75 inch
(19mm) Gauge X2096-T8R70 Plate

alloy and its variants has been sponsored by

Urs TYS 51
Dir. ksitMPa) ksitMI’a) %

RZOL5T0Y  79.1(346) 11.0
LT TS50y 749517 12.0
45° 73.2(505)y  67.0(462) 16.0

All values are averaged from duplicates

NASA[S].
K, ksivin IV. Al-Cu-1.1-Mn svstem
jM!’n\fmg
41.2(45.3) A AAZIT
40.2(44.2) Very thick gauge 2124-T851 plate

has been the alloy of choice for very thick
gauge plate applications for many years.
However, the high fatigue crack growth rate
of 2124-T85] plate has been a problem for
aircraft bulkhead applications. As a result
of a cooperative program[7], RX218-T851

simulale the effect of the thermal exposure during
the serviee hfe of the high speed civil transport.
The properties of the other alloys shown
represent the propertics without such exposures.

The RX818 alloy sheet showed a marginal loss
of fracture toughness after thermal exposure,

however, it still maintained a superior

combination of strength and fracture toughness
comparcd with other alloys.

1> ML377

Laboratory scale experiments examining the
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alloy was developed with property goals
based on Al alloy 2124-T8&51 plate.  In 1993, RMC
registered allov RX218 as AA2197. The registered
chemistry limits are listed in Table 2.

AAZ197 1s an Al-Cu-L1-Mn based alloy with
a controlled Cu:Li ratio to aveid & particles 1n T8
temper condition. The addition of small amount of
Mn ta Al-Cu-Li alloys helps reduce strength
anisotropy. A comprehensive test program
invelving static, evelie, thermal and corrosion
properties have been completed from 1.5"(38mm)
gauge plate fabricated from a plant cast



TABLE 5 -- Tensile Properties of 1.5 inch
(38mm) Gauge RX818-T8R73 Plate

UTSs TYS El
Dir ksitMPa) ksi{tMDI’a %
L. 78.9(544) 77.2(533) 10.0
I.T 79.4(548) 73.6(508) 7.5
43 76.2(526) T0.7(488) 12.5
S1 77.5(535) 68.6(473) 7.2

All values are averaged from duplicates

12"(305mm) thick ingot[8]. In 1993, RMC was
able to cast 12,000 ibs, ingots with a cross section
of 16 inch (406 mm) thick x 60 inch (1524 mm)
wide in order to fabricate very thick gauge plate
product. RMC decided to fabricate 4 inch thick
plate from the 16 inch thick ingot for additional
evaluation. The mechanical properties of the 4 inch
thick 2197-T851 plate arc hsted in Table 6. For
comparison purposes, the property values from the
required specification are listed also. Tensile
propertics showed isotropic behavior and met the
specification requirement in all the test directions
and test locations.

V. Conclusions

Al-Li allovs are very attractive
candidate materials for aerospace and aireraft
structural applications. The earlier generation Al-Li
allovs offered  significantly lower density and
higher stiffness. However, higher Li content of
those alloys caused property limitations related to
damage tolerance and durability. RMC has
introduced a new family of Al-L1 alloys based on
the Al-Cu-Li-Mg-Ag system and the Al-Cu-Li-Mn
system that optimizes property improvement and
weight savings by moderate addition of Tt These
alloys include 21935, X2096, RX818, MI.377 and
2197 allovs.
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TABLE 6 - Mechanical properties of plant

produced 2197 -T85] plate

Test. Test UTs TYS Elong.
diree. loc. ksiiMPa) ksitMPa) (%)

L T/ 68.1(470) 65.6(453) 11.0
T2 69.4(479) 65.1(449) 10.8

property goal 62.0{428) 57.0(393) 5.0

LT T/ 70.0(483) 65.5(452) 7.8
T/2 68.2(471) 62.6(432) 7.0

property goal 63.0(435) 58.0(400) 4.0

45deg . T/4 69.1(477) 64.00442) 93

T/2 65.5(452) 59.9(413) 9.0
property goal NA NA NA
ST T72 65.9(455) 59.2(408) 4.7

property goal 59.0(407) 54.0(373) 15
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Al-Li Alloy Development at Reynolds Metals Company
for Aerospace Applications
A. Cho

Kumar Jata (Air Force) You showed some data with increasing fracture toughness at
cryogenic temperatures, was that 2095?

It was not 2095. It was 2195.
Do you find the same trend?, do you find any isotropopy at those low temperatures?

It depends on how you define "anisotropy.” If you define anistropy as
"directionality”, YES, fracture toughness values vary with testing direction at
cryogenic temperatures the same way as at the room temperature, based on my
experience with SCT specimens for 2195 as well as other Al alloys. If you test
fracture toughness in L-T direction, you would have higher fracture toughness values
than that tested in T-L.

I just have on question about the HSCT applications. You know there has been some
work done for Aluminum-Lithium alloys, I think. At warm temperatures, they found
that some of the aluminum-lithium alloys, not commercial alloys but experimental
materials, showed crack growth, both creep crack growth and also creep deformation
at temperatures like 60 and 70 degrees C. Are you concerncd about those kind of
experiments for you material for HSCT applications?

We have been quite busy with UVA and NASA-Langley about HSCT alloy and
process development and we did a lot of our stability tests in terms of strength,
fracture toughness and precipitate particle coarsening behavior, and so on. As far as
the creep test is concerned, we have planned it for 1994, so we have not done creep
and creep related tests yet.

Eui Lee (Navy) - I have a question. What makes the low temperature (¢ryogenic)
fracture toughness improvement? Actually some people said that it is like
homogeneous deformation and some people said that it is due to delamination, any
comment on that?

About 3 or 4 years ago, there were a lot of debates going on between professors at
University of California at Berkely, University of Arizona and University of Virginia.
They proposed several different mechanisms regarding why fracture toughness values
increase at the cryogenic temperatures. I think the answer is all of the above.
Because when you look at the fractured surface of any kind of fracture toughness
specimens, whether it’s a Surface Crack Tension (SCT) specimen or Compact
Tension (CT) specimens, you would sec more delaminated features from the
specimens tested at the cryogenic temperatures. In general, these alloys show higher




work hardening rate at the cryogenic temperatures which can be contributed to higher
fracture toughness at the cryogenic temperatures.

One interesting observation is that, the commonly known metallurgical practices such
as underaged temper, leaner solute alloy, etc, would increase the absolute value of
fracture toughness value at the cryogenic temperatures to that of at the room
temperature. This is an interesting observation becuase one of the MSFC’s material
specification requires such a ratio higher than 1.05.

Mack Robert (Martin Marietta) - I just wondered, Alex, these newer alloys other than
the 2195 that you talked about with the Jower copper content, I wondered if any of
those are weldable?

I am not quite sure of the definition of "weldability”. GD space systems colleagues
tried out for of those alloys, and I heard that they were about the same level of
"weldability” with 2195 type composition alloy at that time. I was a welding trial in
a very limited scope, no quantitative evaluation. O.K.? Reynolds did some limited
efforts on comparing these alloys, actually all of those alloys including 2197, which is
not a part of our Weldalite type alloys. All of them worked very well in according to
our welders. So, waht I think is that any aluminum-copper alloys and aluminum-
lithium copper alloys are all essentially weldable. That is my understanding now.

A number of years ago, Lockheed built a very large structure with 8090 and welded
it, what were the weldingtests that BD did?

I don’t think they really conducted any kine of quantitative comparisons. My
understanding is that they just conducted welding on a few plates.

You gotta be very careful, you can lay two plates of 7075 on a table and weld them
together but as soon as you tried to make something out of it and constrain it then it
cracks. Your comment of aluminum-copper-lithium alloys are always weldable,
should be modified; certain chemistries have very good weldability and others are

Very poor.

If you compare the ranking, which alloy weld better than the other, and which alloy is
easier for repair welding, that is one thing. The other thing is that can you make a
structure by welding regardless of how difficult it could be. Alloy 2014 is very bad
for welding according to our welders, and Martin Marietta - Denver used that alloy
and made a structure out of it. So, I did not mean to make any ranking of the alloys,
but whether it is possible to weld. That was what I meant by "weldability."

Alex I think you point is well taken, among various aluminum copper alloys
weldabilities have been established to be varying and they can be ranked but until
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more quantifiable tests are performed or standardized quantifiable tests are performed,
you are really talking in a gray area of actual weldability rankings.

Q: If I hear what you are saying, you know that 2195 is very weldable, there is
appararently not enough quantified work to really determinewhat you would consider
weldable and what’s not. Is that right?

A: Yes, I agree with you. I would like to tell you a story I heard from our marketing

manager some time ago before his retirement. If he asks a welder would say, "I
can." So much can be said about the "weldability."
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ON THE YIELD STRESS ANISOTROPY OF AL-Li ALLOYS
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Abstract

Commercial Al-Li base alloys exhibit strong
yicld strength anisotropy when compared to
conventional 7XXX and 2XXX type acrospace alloys.
This yicld strength anisotropy is observed both in
thicker products, such as plates, extrusions and
forgings, and in the thinner products exemplified by
sheets. In the thick section products this anisotropy
manifests itself by the change of properties along the
thickness direction. In thin products the change of
propertics takes placc when moving away from the
primarily fabrication axis direction in the plane of the
sheet. The observed anisotropic behavior seems to be
due in part to the crystallographic texture developed
during various fabrication processing stages and to the
effects of the platelet precipitate formed during heat
treatments.  Several examples of the anisotropic
behaviors of commercial Al-Li alloys are discussed in
this notc and supplemented with a brief mechanistic
description of the sources of anisotropy in that family
of alloys. It is also notcd that the yicld strength
anisotropic behavior extends from room to cryogenic
temperatures.

L. Introduction

Strength anisotropy in materials is generally
attributed to the crystallographic texture which
develops during fabrication steps transforming the
material to its final product form. For example, the
fabrication processes could consist of hot or cold
rolling, or forging, that can give rise to different
crystallographic grain orientations which results in the
variations in the texture intensities. Superimposed on
that will be a background of variations in grain sizes
and shapes altered during fabrication. In addition to
fabrication other factors can also influence texture.
The most important ones are alloy composition and
aging trcatments which control which types of
precipitates are present in the final microstructure.
Among all possible types of precipitates the platelets
scem to have the strongest effect on andsotropy.
Since platelet precipitates are present in the Al-Li
family of alloys, hence it is not surprising that both
composition and aging seem to have strong influence
on the yield stress anisotropy in this case. However,
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the overall anisotropic behavior seems to be
controlled by a complex intcraction between the
texture and the microstructure. The issue of the
anisotropy of Al-Li alloys, and its source, have been
debated since 1986 and results of the discussions can
be found in several symposium proceedings [1,2].

I1. Current Models

Most of the existing models describing
anisotropic behavior of polycrystalline materials can
be divided into two groups. The first group consists
of models that deal purely with texture aspect of the
problem, including grain shape and size effects.
These arc the so-called Taylor full constraint and
relaxed constraint models. The second group of
models deal with the role of oriented precipitates as
well as their shapes and habit plane.

Based on the predictions from full and
relaxed constraints models Przystupa et al [3] have
pointed out that planar anisotropy in fcc alloys
depends primarily on texture and the average number
of available slip systems operating within each grain,
Figure 1. Calculations were done by assuming that
grains deform with five, four, three and one (Schmid
mode!) slip systems. The trends are shown for five
major fcc texture components, namely cube, goss,
brass, copper and S. Cube and goss are the
recrystallized textures, while brass, copper and S are
textures that develop during deformation processing.
The relative magnitudes of the Taylor factors (yield
stresses, ¢, normalized by a critical resolved shear
stress, T) vary with angle to the rolling direction. For
cube, goss and brass components the anisotropy is the
same for five, four and three operating slip systems
and different for one slip system operating in a grain,
However, copper and S components exhibit
progressive change of anisotropy with the number of
slip systems. If one superimposcs the expected
effects of the [100] or [111] platelet precipitates on
texture anisotropy, Figure 1b, it would appear that
[100] precipitates should decrease the anisotropy,
while {111} precipitates should enhance it [3]. The
models used for calculating these precipitations effects
are addressed later in this section.




Yield strength anisotropy is also affected by
grain shapes. When grains are equiaxed five slip
systems are necessary to support any arbitrary
deformation. However, when the grain aspect ratio
begins to increase, the number of necessary slip
systems begins to decrease and the effect on
anhisotropy are evident from results shown in Figure
1. The magnitudes of these effects are illustrated in
Figure 2 for the case of pancake and lath shaped
grains and for the hypothetical 50% copper + 50% S
textures which are expected to give maximum grain
shape effects. The grain shape effects for cube, goss
or brass component will be smaller.

The precipitation anisotropy was first
addressed by Hosford and Zeisloft (HZ)[4] and
subsequently by Bates et al (BRW)[S]. In the HZ-
model the yicld stress is expressed as a sum of the
contributions from the matrix and precipitates as:

o = (1-f) Tt M+ f o, [deJde] )]

where f is the precipitates volume fraction, M is
Taylor factor, o, and €, are the precipitate effective
stress and strain respectively. The HZ model assumes
plastic matrix and constants stress intensity within the
precipitate. The precipitation induced anisotropy
comes from the term de/de , the index of anisotropy,
which describes the differences between strains in the
matrix and in the precipitate. The BRW model
assumes elastic matrix, uniform strain in the
precipitate and uses Esheby’s elastic approach to
calculate the precipitate effective stress. This results
in the following expression for yield strength:

o=(1-DTM+2fpyer 2)

where is  shear modulus, y is Eshelby's
accommodation factor and €° is the misfit strain.
Note that both models contain adjustable parameters;
in HZ-model the adjustable parameter is o, while in
BWR-model it is €?. The shape of the precipitate
enter HZ-model through the strain ratio and in BWR
approach it is incorporated in the accommodation
factor. The size of the precipitates is introduced in
both cases through the volume fraction f. Despite
different assumptions both models give similar results

[5].
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I1I. Experimental Observations

The magnitudes and nature of texture and
precipitation induced anisotropies in Al-Li alloys will
be illustrated on examples taken from eatlier work on
2090 alloys. These alloys exhibit strong anisotropy
both in thick and thin products forms [6-8). Their
major precipitates, in the peak aged treatment, are
spherical &' and [100] € and [111] T, platelets.

In plate products the texture varies from
surface to center. The degree of this variation
depends on the alloy composition and the hot rolling
processing parameters such as temperature, strain rate
and amount of thickness reduction, Thick products
from the Cu-containing aluminum alloys seems to
develop strong textures. If Mg is also added, to bring
about [100] §’ precipitates, the anisotropy is reduced.
This trend can be obscrved in 2024 and 2020-type
alloys where dominant precipitates are of the [100]-
type and where the background textures seem to be
weaker than that in alloys containing [111] type
precipitates.

It was also reported that the longitudinal
yicld strength increased from low values at the
surface of a 2090 alloy plate to a maximum value at
the mid-thickness, Figurc 3a. Associated texture
intensities also had the same wend. Calculated from
texture Taylor factors also increased from surface to
center. By dissolving &' precipitates using a reversion
method, one can separate the contribution of T, to the
anisotropy. Results are shown in Figure 3b clearly
indicating that the total contribution to the anisotropic
behavior comes from both texture and T, precipitate

(6,71.

In the case of a sheet alloy, the background
texture is constant, but the anisotropy varies with the
aging treatment, The magnitude of the observed
changes is shown in Figwe 4a. Figure 4b
schematically shows the reasons for changes and
indicates five separate regions, from A to E, with
different microstructural contribution to anisotropy in
cach region. Notc that at short aging treatments
{underaging) the anisotropic effects are strong and as
the time progresses (overaging regions) the effects are
minimized. These results seems to be consistent with
the predictions of the texture and precipitation
induced anisotropy models discussed above [8]. The
same basic anisotropic behavior extends also to the
cryogenic temperatures [9,10].



IV. Fabrication Effects

Composition plays a strong role in affecting
development of textures both during hot and cold
deformations. One of the most dramatic examples of
the tesulting changes is the evolution of texture in Al-
Li alloys with varying Li/Cu ratio, as shown in Figure
5 using ODF plots. When the LifCu ratio increases
the hot rolling texture components become strong,
reaching a peak and then decrease with further
increase in Li/Cu ratio. The controlling factor scems
to be in this case the background amount of Li. This
can be further illustrates by a series of the ODF @=0
scctions for different composition plotted on a Al-Li-
Cu phase diagram, Figure 6.

Hirsch et al [12] have studied the
development of cold rolling textures in 8090 alloy
sheet, with varying starting initial textures and
precipitates. They also observed that the relative
amount of brass, S and copper textures varicd
strongly with the initial textures as well as with the
grain shape and aging conditions.

VY. Summary

* Inthe Al-Li family of alloys the development of
crystallographic textures is controlled by the
following paramecters: alloy composition, initial
texture, grain shapcs and the heat-treating
conditions. As a result, the optimization of
textures have to be performed by choosing the
controlling paramcters within allowable limits
and without sacrificing the resulting strength
levels and other property combinations.

s  Based on the experimental observations it is often
suggested that textures affects not only the yield
strength but that it also can strongly influence
other propertics such as fatigue (through crack
nuclcation and growth), fracture toughness,
corrosion, sheet forming characteristics,
superplastic behavior...etc. Such interpretations
of the experimental data have to be carefully
scrutinized. While the yield stress anisotropy is
indced affected by texture through the number of
slip systems available for yiclding at low strains,
the same deformation mechanism need not hold
for cases such as fatigue, fracture and corrosion
where deformation path may be different than the
one taking place during the tensile test. In case
of room andfor at high temperatures forming and
superplastic forming operations the texturc can
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also vary with deformation. Such texture
evolution during forming operations can have
implications on the final product integrity, and its
dependence on the starting texture.

Although strong textures do give rise to the
anisotropic behavior, the anisotropy, as past
experiences show, is mot pecessarily harmful.
What is needed is a recxamination of the
component design methodologies from the point
of view of the best utilization of the anisotropic
materials, or combinations of anisotropic and
isotropic materials, to take advantage of their
atiributes. The integration of the component
design and materials sclectionfdesign processes
can lead to the low costfadvanced performance
systems from the basically conventional
materials.
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Crystallographic Texture and Anisotropy in Al-Li Alloys
A.K. Vasudevan

Eui Lee (Navy) - That is a very good piece of work. If you stretch in the T-direction,
there is a significant drop in anisotropy. They got really reduced anisotropic properties.
I think that means that the T, is very important. Therefore, which direction will the
material be stretched plays a significant role.

You mean stretching prior to aging.

E.L. - Right, so that makes T, more resistant, like we arc assuming that it has a strong
texture. So that given more T, percipitates, stretch plays a major role.

That is very interesting. Do you have a paper on that stuff? I would like to get one
because if I remember right, Roberto and we did one work where we pulled each tensile
sample to 3%, along 0°, 22°, 45°, 67°, and 90°. We pulled each tensile sample before
aging and we got exactly the same curve, as the one stretch in one direction only.

We ook in the TEM, and the dislocation distribution is different.

Can somcbody comment on that? Can you do that in practice, can you stretch in the
transverse direction? Dislocation distribution mcasurement has to be statistical to be
relevant.

It is an intcresting comment, and it alludes to the manufacturing problems. When we
make a plate product process at 90°, it is difficult in the actual manufacture of plate and

sheet products. For a secondary processor, where they blank parts to similar dimensions,
it could be possible.

You may be able to do that in sheets, because in sheet, you have a thinner section. You
might loose some cdges, but you may loose about a foot in the edges, so then you have

scraps coming in. But that is interesting, to see if it really does it.

Alex Cho (Reynolds) You showed us about 1/3 of your slope about precipitates on (100)
planes pushing the anisotropy in one direction and (111) in the other direction.

Yes, that is the observation, and as per Hosford’s model prediction.

A.C. - I was wondering how rigorously you did the calculation before you drew the
conclusion like that?

It is a calculation based on certain assumptions. It is not rigorous.
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A.C. - The reason I am saying this is because you really have to consider a little bit
about what Dr. Lee mentioned. You really have to consider what variants of those (100)
plane particles were (111) plane particles. You really have to make a distinction about
those. I think we can make quite a difference in the results.

Not necessarily. That is, ¢, in the Hosford relationship is an adjustable parameter but
it takes into account the orientation of these precipitates. It takes into account every
single variant. That is how the model considers the precipitation anisotropy.

One simple example is that if you have an alloy and temper conditions, you can produce
T, particles and &' particles, so that T, is sitting on (111) planes and the &' on (100)
planes. Actually, at one point in time I thought that if I could use both 8’ and T, it
would help reduce anisotropy. The actual test results I got were the other way around.
Now I was looking at different variant depending on stretching in one direction or
another, or aging temperature conditions. You can control the partitioning between the
different phases. It is not that simple having (100) or (111) participates now I am more
dependant on what variant you could use; it’s how many of variants you can produce?

It is difficult to change the number of variants. You have to have four variants for T),
from physics in a polycrystalline material. You may bias the nucleation sites to increase
some or decrease in density some variants,

The variant changes, depending on your stretching.  Actually, in your presentation you
produced different dislocation variants, because with a material like Al-Cu-Li (which is
a highly textured material), stretched shect has such a high level of stretch components.
You really can contro! which variant you can produce, more than one variant or another.
I had a discussion with Alan Ardel! on how we can actually make some mild calculations
for different ratios of T, or &' particles. His response was, "At this point, we do not
have a particular model to calculate the strengthening effect of these particles, following
slip systems and variants; we cannot do it."

That is true. The strengthening models are not comprehensive yet, but the thing is . .

No. It’s a crystallographic orientation problem, because you have to follow each variant.
I leave it to Ed to answer you

Ed - I think what everybody said is correct because it depends on the number of density
of the precipitates on different habit planes.

Vasu - Please continue Ed.
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Ed - It depends on the shape of the grains, like you said, and on the number of slip
systems. But whether you are having a plane of shearable precipitates, strain localization
and homogenous also has an effect of the number of participates. It is very complex and
it is a very difficult problem.

Vasu - What you said is correct. That is why we did the three experiments, one is
straight aging, one is only stretching uniaxially, and one was pre-fatigued, in a given
textured alloy. No difference in yield anisotropy was observed.

Ed - Yes, but you have to take into account that crystalgraphing texture, and in addition
to that where the precipitates lie, which variant do the precipitates lie.

Vasu - It is hard for me to conceive (from physics) that you can completely lose variants
of precipitates.

Ed - In addition to grain shapes, all three of those things are important and it is very
complex. I don’t think there is one simple model that explains it.

Vasu - These models are good to give you guidelines about trends in the data. They are
not perfect, as there are assumptions to develop models.

Ed - And Bates model seems to apply better than Hosford.
Cho - I have a simple one. You showed about the Brass components lose intensity when
you go from left to right on your viewgraph. I think on the X axis, the ratio is between

Li over Cu. Was it?

Yes. The Brass increases to a peak value and then it decreases. For the same hot rolling
conditions.

Cho - You can have a ratio between Li and Cu or actually absolute amount of Li and Cu
to play a role here. So, what kind of Li and Cu did you use?

Those are nominal compositions of the alloy. These are actual compositions of the alloy,
varied along the solvus line of the Al-Li-Cu phase diagram,

So you used 2090 and 2024?
Yes, it is on the solvus periphery of Al-Li-Cu phase diagram.
So you have other alloying elements?

Just the Zr.
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Are these commercial alloys you are talking about, or experimental alloys?
These are all experimental alloys, from Navair work.

So, three different ratios, but what about actual amount of Li or Cu?

You mean actual amount it is a nominal composition?

What he is asking is did you keep the ratio constant?

No. I showed the phase diagram, it is on the periphery of the phase diagram. We also
have done one at a constant Li and it follows the same trend, but I did not bring the data.
I mean, in a 2% Li alloy, we varied Cu.

I think what Alex is saying is .

I understand, but the thing is, any (Li/Cu) ratio can be used to look at the data trends if
it is systematic. It will follow the same curve if you plot it in terms of ratios.

For that particular stress component calculation. Was it done in Alcoa?
Yes.

You talked about fatigue, that the high-cycle fatigue, low-cycle fatigue, and fatigue crack
propagation at different angles.

Yes.

We did high-cycle fatigue tests at 45° was the best, even though it showed the lowest
strength with a best high-cycle fatigue. Low-cycle fatigue 45-60° were somewhat best.
But fatigue crack propagation at 45° was the worst.

I am not clear what this means, but one may want to rationalize in the following manner.
In a multi-microstructured alloy like 2090 or 8090, the yield stretch anisotropy comes
from (as we understand it) the texture/grain shape and T,. In the case of fatigue, the
contribution need not be due to the same set of microstructures, but probably a subset.
More importantly, the environment can play a larger role to alter the fatigue behavior
under certain orientations. One has to analyze the problems carefully.

There were a lot of questions on Al-Lti alloys, too, when we did fatigue crack growth
rates and compared things, all the way up to when weldalite came out, even thought we
understood it. Then when we started to compare weldalite, it was always better and the
crack profile was the same, although the deformation was homogenous. So it is very
confusing.
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Probably it is. One has to dissect the observations carefully.

Troy Tack (Ashurst Corp.) - Just a brief question. I recall this morning in Cho’s talk,
he was showing data from 2197 Lockheed alloy with 2.7 Cu and 1.5 Li and the
propertics were very isotropic. Do you think that would be because of the low solute
content, because it is much lower than the other alloys, or maybe because of the new
dispersed system.

Yes, I think there could be a cutoff in the amount of second phase hard particle in an
alloy which can homogonize texture during high temperature deformation. For example,
that is what happens in the MMC’s. We see a strong texture in 8090, then it goes away
with compositing. And texture is uniform through the thickness of a plate.

In the MMC'’s you have those hard particles at the temperatures you are deforming at.

Yes, you tend to have nucleation for recrystallization coming in at the particle site. Plus
you can also have some homogenization of deformations.

I don’t know if the people have seen the work on Ni-based alloys. I have been looking
into Ni-base superalloys. Somc of them do show very strong texture. When Thoria is
dispersed into the alloys as a very fine dispersoid of the order of about a couple hundred
Angstroms, the texture is homogenized. The texture components become nearly flat and
weak. So, therc arc observations in other systems that people may want to look to see
what they have done. And these are work done at NASA. They did this work about
20 years ago in Ni-base superalloy development. They show, I was surprised to see,
textures in alloys that had the same type of pancake shape grains as in Al-Li alloys.
When a little bit of Thoria was added, it minimized the texture. So, there are examples.
It is essentially how we maintain the deformation to bring out the right type of texture.
Ed made a good comment this morning. I think we should also learn how to really
design with anisotropic materials. It is puzzling to me to sit in meetings where people
would say, "I would rather use an advanced composite material which is highly
anisotropic and expensive; but then come to about 15% difference in yield strength in
Al-Li alloy, then say we cannot use this." They are willing to use the composites which
are highly anisotropic. One needs to look at all issues. Look at design issues, apart
from the material development, how we can apply this. That is one of the things I would
like to sec in programs on anisotropic materials. People do not seem to do innovative
designs. Efforts seem to be more prevalent in alloy design.
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Abstract

In the early 90's the Air Force assessed the
needs of aluminum research technology through
interviews with various government and industry
representatives. It was concluded that the most
pressing need in aluminum technofogy was to solve
the anisotropic behavior of wrought ALLi alloys,

In order to significantly attack this problem, the

Air Foree initiated two programs. One program is
being conducted in-house and is concentrating on
novel processing techniques making use of process
modeling. The other program, with the University of
Dayton Rescarch Institute (UDRI), is concentrating
on more traditional upproaches, besides making use
of process modeling techniques. Four alloys have
been chosen; two were synthesized by Kuiser based
on 8090 composition, the remaining two by Alcoa
based on 2090 composition but as experimental
atloys. Of these two alloys, one was chosen by
UDRI and the other by the Air Force for its in-house
program. Described are the results of material
behavior modeling conducted using compression
testing. Results of the compression testing are used
to develop constitutive equations for finite element
modeling, to generate processing maps. and to predict
microstructure and texture development during
processing. Also presented are comparisons of
compression testing with torsion testing performed
on the UDRI program alloys by Concordia
University.

I Introduction

Since aluminum has become an affordable
structural alloy, there have been three eras during
which lithium was used as an alloying element.

The first era was in the 1920's when a low Li (0.196)
alloy was developed and introduced. The material
was called Scleron and obviously was not designed
to take advantage of density reduction that can be
obtained by Li additions. In the late 1950's and carly
196(Fs both US and USSR introduced Li-containing
aluminum alloys and used them in structures.
ALCOA introduced X2020 1n 1958 and produced
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material for the RA-5C Vigilante aircraft. Special
precautions were taken (o ensure the low toughness
of the material, which contained 1.1% Li, did not
cause structural cracking. 2020 was withdrawn
from production in 1974,

Much of the early history has been reviewed
in papers presented at the first two International
Conferences on Al-Li which were held in 1980
and 1983, Balmuth and Schimidt [1] provided a
perspective and Quist et al., [2] an overview of the
structural applications of Al-Li. The latter paper
contained a chart depicting events on a timeline
starting in 1924 and continuing through 1982.
An update to that chart is shown in Figure 1, where
recent alloy registrations are added to make the chart
current. In the early 1980's the focus was on higher
lithium content to lower density and raise specific
strength and stiffness. At that time the economic and
political environment was such that organic matrix
composites (OMCs) were a threat to aluminuim as
the primary structural material on both military and
commercial aircraft. Al-Li was seen as a way to
ncutralize some of the applications that were
envisioned for OMCs. ALCOA. Alcan, Reynolds,
Kaiser, and Pechiney all produced material similar
to the current 8090 and 2090 alloys which contain
more than 2% Li. Alloy 2090 was registered with the
Aluminum Association in 1984, and 8090 in 1988,
X2095 was registered in 1990 and was sold as a
high strength weldable structural aluminum alloy.
Currently there is interest in RX218 and C255
which contain 1.3% Li. The time frame from the
introduction of 2090 in 1984 (o the present
represents the third era in Al-Li development.

In 1991 the Air Force Materials Directorate
completed a study of the short- and long-term needs
in aluminum technology for the Air Force. The
motivation for the study was the radically changing
international political climate. Singe the fall of the
Berlin Wall, it was apparent there would be fewer
new Air Force Systems and existing aircraft would
be kept in service longer. Air Force Commands,
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+ Alr Force 1sotroplc Al-LI Contract
« %2095 Registered

» Navy/Alcoa Ingot Ak-LI Casting & Alley Development 1o92
+ AFWAL/Boelng P/M AI-LI Alloy Development 1990
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« Patent, Meeting Al-L) Alioys {Pechiney)
192; 927 « Phase Dlagram Studles on AkLI alloys (Great Brittaln)

Figure 1. Historical perspective of Al-Li alloys [2].

System Program Offices, and industry were
interviewed, and the highest identified need in
aluminum alloys containing >2 w/o Li was to solve
their anisotropy problem. As an example. the
marginal short-transverse toughness was the reason
for the recent announcement that a portion of the
Al-Li products on the USAF C-17 cargo aircraft
has been replaced by a non-Li aluminum. Since the
introduction of the current Al-Li materials there
have been only a few commitments to using Al-Li
as "Bill of Material” for production systems [2].
The need to reduce anisotropy provided the tmpetus
for the work reported in this paper.

Process modeling approaches are being used
with the experimental alloys to design a process
for the successful manufacturing of Al-Li wrought
products with isotropic behavior. The process
involves modeling of materia} behavior under actual
manufacturing conditions. analytical modeling of the
deformation processes. and physical modeling to
verify the material behavior and analytical models.
Two parallel efforts are ongoing: an Air Force (AF)
in-house effort and an extramurat cffort with the

+ U.5. Patert Applicatian Al-Ci-Li-X Alloys {Alcoa/Le Baron}
+ U.5. Patents Al-LI Alloys (AF <40% LI & Al- <0.5% LI)
« Trace Amourts of kI Added to Al-Cu Alioys (Germany)

University of Dayton Research Institute (UDRI}
serving as the prime contractor. The extramural
effort is investigating the synergism of alloying and
conventional processing technologies to solve the
anisotropy in Al-Li alloys, whereas the in-house
effort is concentrating on a series of novel processes,
However. both efforts are making use of process
madeling approaches.

The present work investigates the deformation
behavior. microstructural evelution, and texture
formation during hot compression and subsequent
heat treatment of Al-Li alloys. Isothermal constant
strain rate, compression tests were conducted,
to simulate hot rolling of these alloys and their
subsequent heat treatment. at various temperatures
and strain rates, Flow stress data were used to
develap processing maps and constitutive equations
compatible with finite element modeling. The
compressed specimens were examined under an
optical microscope before and after heat treatment
to study the evolution of microstructure. Pole figures
and ODFs were obtained to determine the texture of
the specimens.



I1. Experimental Procedure
Material Selection

Four different Al-Li alloys were used for this
work. In all the alloys the Li content was more than
2w/o. Of the four alloys, the AF investigated one and
UDRI three alloys. Two alloys were purchased from
ALCOA and two from Kaiser. The composition of
the various alloys is given in Table I. The ALCOA
ingots were cast in their R-330 research unit which
simulates the casting of full size production
ingots on a laboratory scale. The ingots were then
homogenized at 538°C/24 hrs/slow cool and the
peripheral 1.3 cm scalped to remove unwanted
inclusions and alloy rich material. The material
was characterized to reveal a dominant T} (AlCuLi)
structure on the {111} octahedral plane and PFZs at
the grain boundaries. X-ray mappings of the material
showed the retention of Fe and Mn at the grain
boundaries whereas Zn, Si, Cu and Mg tend to be
dissolved into the grains. Since the ALCOA alloys
are AF experimental, they will be referred to as

AF(ML) and AF(UDRI).
Table I. Composition of Al-Li Alloys

Li|] Co|Mg| Zr| Fe[Mn|Zn| S| Ti| Cr
Kaiser

2.06| 1.15/ 0.87)0.08; 0.04] - |0.02]0.04( 0.02
80%0/Z¢c
Kaiser

2.01} 1.10] 0.88| 0.02| 0.04] 0.52| 0.02{ 0.05) 0.03( 0.14
8090/ Cr/Mn
AF(UDRD |2.10[2.70[ 0.30{ 0.04[ . 0401070 -
AF(ML) 2,10 2,70/ 0.40{ 0.05] - 0406/ 0.75

Kaiser's two continuously-cast ingots were
based on the 8090 composition. The size of each
ingot was 16,5 cm x 16.5 cm x 90 cm. The ingots
were homogenized at 538°C/16 hrs, air cooled, and
the peripheral 1.6 cm scalped. One alloy contains
0.08%% Zr and the other 0.02% Zr, 0.52% Mn and
0.14% Cr as dispersoid formers. These alloys will be
referred to as 8090/Zr and 8090/Cr/Mn, tespectively.
The 8090/Zr composition was chosen to madel the
8090 standard alloy which contains up to 0.11 w/o Zr.
Zr was used at §.08% because this s the threshold
at which it manifests itself as a recrystallization
inhibitor. The 8090/Cr/ Mn was chosen because of
earlier work of Dorward [3] which showed that using
Mn and Cr in about a 4:1 ratio at 0.50 and 0.15 w/o
level, recrystallization can be made to occur upon
heat treatment of thermomechanically processed
material. This recrystallization work was done on a
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2090-based alloy modified to replace Zr with Mo and
Cr. A minimal amount of Zr (0.02 w/o) is retained
because of the high probability of occurrence of Zr

at these levels in any commercial production where
Zr is a residual "trash" element. It was thought

that this low level of Zr would not interfere with
recrystallization. All other constituent levels are
typical for all three alloys bearing the 209X and
809X designations.

Measurement of Flow Stress

The flow stress database for these materials
was generated using isothermal, constant-strain-rate
compression testing. Test samples of 12.7 mm
diameter and 19.10 mm height were machined from
the cast, homogenized, and scalped ingots. A 25 kip
MTS servo-hydraulic machine equipped with a
microcomputer and a split radiant furnace was vsed.
The dies and rams were machined from 17-4 PH
stainless steel hardened to Rc45.

For the UDRI effort specimens were soaked
at the test temperature for 15 minutes, a computer-
generated, constant true strain control signal was
triggered, and the specimen was compressed to a
true strain of 1.4 (75% reduction in height) and
water quenched. The Air Force in-house specimens
were compressed to a true strain of about 0.7 (50%
reduction in height) and allowed to air cool on a
large steel test frame. The ram travel was controlled
according to

y= €(1-exp(-£t)) (1)

where y is the ram displacement, £ the initial
specimen height, € the strain rate, and t the time

in seconds. The test matrix used for these materials
is shown in Table IL.

Tabte I1. Test Matrix for the Compression Tests

Strain Test Temperattre °C

Rate 300 350 400 450 500 550
0.001 Y* Y Y Y Y Y
0.01 Y Y Y Y Y Y
0.05 X X X X X

0.10 XY XY| XY| XY| XY Y
0.50 X X X X X

1.00 XY| XY¥Y| XY XY| XY Y
5.00 X X X X X -
10.00 XLY|] XY XY| XY XY Y

*Y = AF, X =UDRI



From the load stroke data true stress versus truc
plastic strain plots were generated. The data were
corrected for clastic deformation of the machine and
deformation heating using the procedure outlined by
Thomas & Srinivasan (4], The microstructures of
the deformed specimens were analyzed by polarized
optical light microscopy.

Torsion Testing

Hugh McQueen of Concordia University agreed
to conduct torsion tests as an opportunity to compare,
for the first time, both compression and torsion results
on the same alloys with the same thermo-mechanical
history. Accordingly, tests were conducted at
temperatures of 300°C, 400°C, and 500°C and strain
rates of 0.01, 0.1, 1.0, and 5.0/5. Relatively minor
differences in flow stresses were ohserved between
the two tests. Two papers will be presented at
the ICAA4 describing the constitutive equation
development [5] and the microstructure analysis [6].

[, _Results and Discussion

Figures 2a and b show the variation of flow
stress with strain al various temperatures for strain
rates of (105 and 1), respectively for the AF(UDRI)
alloy. In both cases the stress increases with true
plastic strain at 300°C temperature, indicating the
dominance of strain hardening mechanism over stramn
softening. The flow curves at other temperatures show
no effect of strain hardening and attain steady state
atrelatively low values of plastic strains. The flow
stress decreases with increasing test lemperature and
decreasing strain rate. Although the flow stress curves
have been corrected for the deformation heating effect,
it should be borne in mind that the procedure used
does not consider the distribution of strain and strain
rate within the specimen volume. The finite element
model DEFORM® was used to predict the strain and
strain rate distribution in a compression specimen
for various friction factors, m, at unit strain rate,
and a nominal strain of 1.4, Figure 3 shows the strain
distribution for m=0.%, the value realized for most of
the compresston test conditions. Tt may be noted that
the strain varies from (.43 to 2.55.

The flow stress variation exhibited by Figure 2
is typical to all the Al-Li altoys used in this program
as exemplified hy Figure 4. The figure shows a three
dimensional carpet plot showing the variation of
flow stress with fn(e ) and 1000/T°, where T is the
absoelute test temperature in °K. As expected, the flow
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stress increases with strain rate and decreases with
temperature. Except for some minor discrepancies,
the variation of flow stress satisfies the above rule.
The stress values for the three alloys are comparable.
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Figure 3. Strain distribution in a compression
specimen for m=0.8 as predicted by
DEFORM®. Processing conditions:
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Figure 4. Stress carpet plot for AF(UDRT) for
=0.5.

Constitutive Equation

The strain rate and temperature dependence of
the flow stress during hot working can be described
adequately using the phenomenological relationship
developed for creep deformation:

A sinh{ao )0 = gexp (Q/RT) = Z 2

where &, is the peak stress, £ the strain rate, T the
temperature, R the gas constant, and Z the Zener
Hollomon parameter. A, o, and n are material
constants and Q the apparent activation energy.

The peak flow stress data in the temperature
range 300-500°C have been analyzed using the above

equation which contains four unknown parameters,
namely Q, A, o, and n.

There is no standard technique available to
determine these parameters from the flow stress data.
For example, McQuecen, et al. [8] plot log & versus
log € data at each test temperature for various values
of & (0,01-0.08 MPa'l). A straight line is assumed
to fit the data at each test temperature. An average
value of the slopes n',, is calculated for the set of
straight lines for each value of o Plots of I/T versus
log ¢ are then made at each strain rate, and average
slope, s',, is calculated for the set of straight lines for
each value of ct. Plots of o versus activation energy
Q(23Rn\, s )are made. The steady state value
Q is the required activation energy. The method is
tedious and involves a large amount of computation.
A different technique is therefore used in the present
case.

The activation energy, Q, is defined by

0= wR[aln(.i:)

3
A/T) | )

Plots of log ¢ versus log € at different temperatures
were made. From these plots, pairs of € and T data
corresponding to a specific flow stress values were
determined. Then plots of Ing versus 1/T were
developed and it was found that a straight line can be
fitted to the data. In addition, the lines were found to
be almost parallel. The values of activation energy
were obtained corresponding to various stress levels.
The average values of Q obtained for the various
alloys are given in Table III,

Table TTI. Activation Energy Values

Alloy Q, klmole
AF(UDRI) 189.1
8090/Cr/Mn 195.0
BO9O/Zr 195.0

The values of log(sinhacp) were then plotted
against logZ, where Z(= € exp(Q/(RT)) is the Zener
Holloman parameter. The parameter Z, for an alloy,
was calculated using the above value of activation
enerpgy. Several values of o in the range of 0.01-0.05
were used. It was found that a straight line could be
fitted to the data. Correlation coefficient for each
regression line was obtained. As shown in Figure 5,
the data were found to have the best fit for o = 0.01.



The constitutive equations, which were obtained for
the various alloys are given in Table 1V,

Table 1V, Constitutive Equations
Alloy Equation
AF(UDRI) | Z = 4.8501x10'(sinh 0.01 ¢)6-313
8090/Zr | Z'=2.1069x 103 (sinh 0.01 ¢,)0-7393
R090/C/Mn | Z = 1.4532x1015¢sinh 0.01 opﬂ-fﬂ"?
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Figure 5. Plot of log(_sinho‘ﬂp) versus log{(7} for

AF(UDRD.

Determination of Processing Maps

From the flow stress data, processing maps were
produced using the approach of dynamic material
modeling as described in References 9 through 13,
Processing maps for all four alleys tested are shown
in Figure 6. These maps show contours of efficiency
of power dissipation. The efficiency term describes
the portion of total power applied to a material
system which is partitioned to metallurgical
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processes, Variations in efficiency in temperature
and strain rate space can show where processes such
as dynamic recovery, dynamic recrystallization.
wedge cracking, and phase transformations dominate,
Favorable metallurgical processes as well as fracture
processes are very efficient for power dissipation,
therefore. care must be taken in evaluating these
processing maps. Efficiency values for aluminum
alloys such as 2024, 7091, and 6061 have been
equated with metallurgical processes on a repeatahle
basis. The Al-Li efficiency values. however, do

not correspond with the metallurgical processes

on the above mentioned Al atloys. Additional
microstructural work on these complex Al-Li

alloys will be required to determine what processes
dominate the various regions of the processing maps.

Also shown on the processing maps are shaded
"Xed" regions indicating processing conditions which
sive rige to stable material flow. The stability of a
material is determined using a Liapunov stability
criterion which requires that a system lower its
total energy continucusly for stability. The "Xed"
regions indicate that the material has satisfied
several conditions for stability and is considered
mechanically and thermodynamically stable in
the shaded regions.

Microstructure

For the two Kaiser 8090 alloys, the as-
homogenized structure consisted of nearly equinxed
grains with some residua! dendritic growth from the
casting process. The grains were relatively coarse,
ranging from 100 wm to 300 pm. The 80S0/Zr
consisted of small & precipitates. ~50 nm. Al;Zr with
&' shells, and an indistinctly formed second phase of
~200 nm plates. In the as-compressed condition, as
well as after solution heat treatment, the grains here
pancaked and did neither experience dynamic nor
static recrystallization. Distinet subgrain boundaries
remained at fow angles (<10°) relative 10 the original
grains. Additionally, the specimens remained heavily
dislocated throughout the heat treatment process.

In the case of the 8090/Cr/Mn. the second phase
consisted of 1-2 pm dispersoids and the third phase
small &' precipitates. Upon compression the grain
structure likewise became pancaked. Asin the case
of BOS0/Zr, there was little to modest evidence
that recrystallization occurred after solution heat
treatment. Any recrystallization occurring did so
nonuniformly from the lowest temperature of
deformation. 300°C, and at the higher strain rate
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of 5/s. In the compression test there existed some
friction between the dies and the specimen ends,

m = ().2-0.8, so that the deformation through the
specimen was not uniform but varied by as much as
+50%. through the thickness. The recrystallization
only appeared in the most highly strained region,
and even there only nonuniformly.

The Alcoa AF(UDRI} alloy, in the as-
homogenized condition, showed very lurge grains,
> mm. This coarseness caused problems with
aftempts to measure pole figures and resulting
calculation of erientation distribution functions
(ODTsy in both the as-homogenized and as-
compressed conditions. Similar problems occurred
with the 8060 alloys, but not to the degree observed
here. The as-homogenized phase consisted of large,
5-10 um 0 platelets dispersed throughout the
structure on the octahedral planes. In the as-
compressed condition, white these platelets broke
up, there was no evidencee of dynamice recrystalli-
zation, nor in the case of the 80O alloys, and the
predominant grain configurations were pancake in the
highly strained regions and equiaxe in the relatively
unstriined regions. Upon solution heat treatment,
the AF(UDRI) underwent uniform recrystallization
at all strain rates at 300-400°C, as evidenced by the
development of dislocation free grains, and relatively
uniform receystallization at 450-500°C and high
strain rates (25/5).

The interesting feature of the AF(UDRT) alloy
wits that when uniform recrystallizatton occurred,
it did so independently of degree of deformation
(£20.4). As can be seen in Figure 3, the region
adjacent to the platens did not undergo significant
strain for the nominal value of £ = 1.4, Figures 7
through F1 are collages of microstructure data
consistipg of photomicrographs of AF(UDRI) and
AL(MLY in the as-homogenized, as compressed
condition and after solution heat treatment.

The AF(MI.) material behaved similar 1o the
AF(UDRI} alloy under hot compression. Evidence
of dynamic recovery was Tound in most specimens
compressed at temperatures geeater than 450°C.
Figure 8 shows a photomicrograph of the center
of a specimen compressed at 550°C and 0.01 57!,

The amount of dynamic recovery increasced with
increasing temperature; however, at the higher
temperature of 550°C, the recovered grains were
larger than those at the lower temperatures. Tn
addition, the amount of dynamic recovery was greater
at strain rates of 0.01 57 10 00 571 A large amount of
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wedge cracking was also observed in the specimens
tested at 550°C. Since the AF(ML) compression
specimens were air cooled, it is not certain if the
observed recovery occurred dynamically during
deformation. Future compression testing followed
by watcr quenching is planned for validation.

Figure 7. As-homogenized microstructure of the
AF(UDRID alloy.

e o,

Figure 8. AT{(ML) sample compressed at 550°C,
0.01 57! showing dynamicatly-recovered
grain structure.



Dilute Keller's etch (8X)

As-compressed

Imm, &

. ]

Soluticn heat treated
Barker's ctch {(8X)

Figure 9. AF(UDRI) sample compressed at 500°C/0.1 s'1. Top micrograph is in as-compressed
condition and lower is after heat treatment with no recrystallization.
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Figure 10. AF(UDRI) sample compressed at 300°C/0.1 s"l. Top micrograph is in as-compressed
condition and lower is after heat treatment with uniform recrystallization.
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Figure 11, AF(ML) sample compressed at 350°C, 0.1 571 left micrograph is in as-compressed condition and right is

after heat treatment.

A solution heat treatment of 543°C for one
hour and cooling by water quench was given to the
AF(ML) compression specimens. The results on
these specimens are very much like that of the
AF(UDRIy alloy. Uniform recrystallization occurred
in the specimens deformed at 300°C and 350°C with
nonuniform recrystallization occurring in specimens
deformed at 400°C and 450°C, and very little
recrystallization in specimens deformed above 450°C.
The smallest, most equiaxed recrystallized grains
were observed in the specimens deformed at 350°C,
resulting tn a grain size of approximately 40 microns.
Very little, if any, recrystallization was observed in
specimens deformed above 450°C. It appears that the
dynamically recovered grains discussed earlier have
grown and/or consumed some of the smaller grains,
thus resulting in a larger grain size of over 250
microns upon solution heat treatment. The strain rate
at which the specimens were deformed had very little
effect on the solution heat treatment results.

Pole Figures/QDIT Calculations

Lambda Research performed pole figure and
ODF anatysis on all three UDRI alloys used in this
effort. They first obtained three pole figures of the
as-homogenized alloys. As expected, the pole figures
showed a random texture for the 8090 alloys and the
randomness ameliorated by the excessive coarse
grains of the AF(UDRI) alloy. In the as-compressed
condition, they measured the pole figures for the
extreme points of the test array (300°C and 500°C,
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and 0.05/s and 10V/s, respectively) to bound the
problem. The 8090 alloys showed some effects of
grain coarsencss which was reduced by 'turning’ the
data to impose orthorhombic symmetry on the system.
In so doing, in most cases, the artifacts agsociated
with individual grains were reduced and the classic

{ 110} texture scen with uniaxial deformation emerged.
The (111), (200}, and (220) pole figures and the
resulting ODF calculation showed sharpest texture
occurring at the correct angles for these planes
relative to the (110}, i.¢., the (110) planes lay parallel
to the sample surface. In the case of the AF(UDRT)
alloy, the pole figures did not clean up nearly as well
as the 8090 alloys because of the severely dominant
individual grain artitacts.

When the alloys were solution heat treated, the
8090 alloys retained much of their original texture,
thus demonstrating lack of recrystallization, whereas
the AF(UDRI} completely changed from a high-
intensity, artifact-dominated structure to one of
reduced-intensity of artifacts and greater number
of low-intensity producing, randomly-oriented
grains much like the as-homogenized 8090 alloys,

IV. Current Stius

All testing and texture/microstructure analyses
have been completed on the compression and torsion
samples. Texture and microstructure evolution
analysis via use of the viscoplastic finite element
model DEFORM® using the relatively simple case



of uniaxtal compression as a starting point before
proceeding to the complex case of rolling, will be
conducted.

Alcoa has shown that to achieve relative
isotropy in the thermomechanically pressed C-155
with 1.85 w/o Li, they had to take the ingot through a
two-step process. In the case of rolling, which the
current program addresses, this meant breaking down
and rolling the ingot to greater than 50% reduction
using a process prescription which would promote
recrystallization upon subsequent heat treatment.
After this intermediate heat treatment, the plate
is hot rolled further o final plate thickness using a
prescription which would inhibit recrystallization
upon subsequent heat treatment. Thus, a plate with
unrecrystallized microstructure would be created
which. because of its superior longitudinal properties,
found application in those cases requiring this modest
anisotropy. In our work in analyzing the behavior
of the four atloys, we were not able to find a
combination of strain rate and temperature in
which recrystatlization would occur uniformly and
independently of degree of strain in either of the
8090 alloys. This was true even for the 8090/Cr/Mn
in which the Zr content was suppressed to enhance
recrystallization, and Cr and Mn were added to
enhance it. Thus, we have abandoned further
consideration of the 8090 alloys of the composition
chosen for this effort, and we will continue along the
original paths with the AF(UDRI) and AF(ML) alloys
with 2.1 w/o Li.

V., Future Plans
UDRI Plans

Alcoa cast two 8.9 em thick ingots of the 2.1
w/o .1 under this effort. They will hot roll these
ingots using the Aleoa Technical Center (ATC)
reversing mill at the highest roll speed of 12 rpm and
at a lay-on temperature of a maximum of 400°C. and
take the ingot through enough passes (re-heating as
necessary to keep the plate temperature above about
320°C} to an intermediate thickness of 3.2 cm. At
this point. they will anneal the plate and quench it.
We will take samples from the plate to make texture
and microstructure measurements to assess the
validity of our recrystallization assumptions. We
will also rerun several compression tests on this
recrystallized plate to assess any changes from the
flow stress data generated on the as-homogenized
material. We will also provide this texture and
microstructure data to Scientific Forming Technology

53

Corporation, the process modelers using DEFORM®
to begin their analysis of texture and microstructure
evolution of the compression and rolling processes.

Alcoa will reheat the 3.2 cm plates and hot
roll them to a final thickness of 1.12 cm. (These
thicknesses were chosen to accurately model the
two-step rolling operation of a 25.4 cm ingot to about
10.2 ¢m as an intermediate point and then to a final
thickness of 3.2 cm, our original goal for subsequent
mechanical property characterization.) One plate will
be hot rolled 1o this final thickness (1.12 cm} using
the same prescription as for the original ingot. and
the second will be hot rolled using a prescription to
prevent recrystallization. Texture and microstructure
analyses will be performed on both plates.

Alcoa will cast two ingots of the original
composition each measuring 40.6 cm x 101.6 cm %
127 ¢m. The peripheral 7.6 cm will be scalped, to
remove inclusions and alloy-rich constituents, to
leave a final as-homogenized ingot thickness of
25.4 cm. This latter thickness is the maximum that
their ATC mill can handle. These ingots will be hot
rolled using the same prescription and sequence as
the ingots above, first to an intermediate thickness
of 10.2 cm, heat treated. quenched, and re-heated 10
further hot roll to a final thickness of 3.2 ¢m along
the two aforementioned paths.

Complete mechanical property characterization
of both unrecrystallized and recrystallized plates
will be performed. This will include tensile, fatigue
{constant amplitude, and notch) plane strain fracture
toughness (K;.). and J;, testing. as well as analysis of
the failure mechanism,

AF Plans

Air Force in-house work will investigate texture
development during various modes of deformation
and subsequent heat treatments. The processing map
and constitutive equations will be used to design
experiments and analytically model the processes.

A statistically designed rolling trial will be performed
to determine which parameter, temperature, roll bite.
or rolling direction is having the greatest effect on the
develaopment of textures. The relling deformation-
zone geometry will also be investigated to determine
its effect on the formation of textures. Forge plus
rolling and extrude plus rolling processing routes will
also be investigated.




VI, Concludine Remarks

The work shows that 8090 alloys do not
uniformly recrystallize at any combination of strain
rate and temperature. The ALCOA's experimental
alloys recrystallized on heat treatment after
compression (low temperatures, all strain rates).
Therefore these two alloys have been retained for
future investigations.
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Air Force Program for Developing Isotropic Wrought Al-Li Alloys
K. Jata

Alex Cho (Reynolds Metal Company)} Those compression tests, were they uniaxially
compression tests?

Yes, they are.

A.C - Have you really observed like strong stress component from those samples you
have examined?

I don’t think so.

A.C. - I don’t think so either. When you roll these alloys you are suppose to have a
very strong stress component.

That is right and you don’t see that here.

A.C. - And I don’t think you will be able to produce stress components out of the
uniaxially compression test. These things don’t connect, I don’t know what you

expect?
I recognize that, yes.

Mack Roberts - You talked about modeling your process but it wasn’t clear to me
what kind of data you were collecting and what kind of model you ended up with?
And how you analyzed that data to achieve the model?

The rolling model incorporated a finite element code that has been developed by
Scientific Forming Technology. Much of that was developed by the Air Force
Materials Lab. It is just a finite element code, that’s all, that can simulate any kind
of working process; whether it is a forging, or an extrusion, or a rolling. Some
codes only do 2D some do 3D. The one that has been used on this contract, is a 3D
finite element code.

M.R. - Ok, so then your model was a mathematically derived?

It is a finite element code that takes the thermomechanical history of the material.
You just take the rolling mill parameters, you take your work piece parameters and
you give the temperatures and some things like that, the flow stress per the
compression test, you put all of this as an input and then the model will be able to
predict the behavior for sure, but the texture probably not yet.

M.R. - So the mode! is a mathematically derived, not an empirically derived model.
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It is a mixture of both, It is mathematically derived that describes by finite element
analysis the behavior of the part, but the input to the code you have to know what the
flow stress versus temperature strain rate and the strain, so that is the empirical
portion.

M.R. - I saw in one case you were showing a quadratic model, is that what you were
saying?

That is an equation to obtain the strain sensitivity m, ok, some people put a straight
line, and some people put a 3rd degree polynomial.
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L Introduction

Aluminum-copper-lithium alloys can be
viable candidates for launch systems because of
higher strength and lower density compared with
conventional aluminum copper alloys, if weldability
is demonstrated [1.2]. The Weldalite® 049 family of
Al-Cu-Li-Ag-Mg alloys has attained unprecedented
strength levels [3-6] and weldability has been
demonstrated by numerous welding techniqgues.[7-11]
A major launch system component that could benefit
from Al-Cu-Li alloys is the external tank of the space

| shuttle.  This enormous structure houses liquid
hydrogen and liquid oxygen thereby making cryogenic
strength and fracture toughness primary alloy design
critcria. Furthermore, it is critical for a candidate
alloy to have higher strength and fracture toughness at
cryogenic than at room temperature (o obviate an
expensive cryogenic proof test. That is, if strength
| and fracture toughness are higher at cryogenic than
room temperature for both parent alloy and
weldments, then the tank could be less expensively
proof tested al room temperature with confidence that
the tank would survive service at cryogenic
temperatures.

The present work addresses compositional
effects on cryogenic strength and fractare toughness in
Al-Cu-Li-Ag-Mg structural alloys {as opposed to
weldments). The extrusion product form was selected
because process capabilitics allow more careful
control of thermomechanical processing than
multistep rolling or forging. DBy studying com-
position effects via extrusions, differences in grain
and sub-grain size and recrystallization effects ¢an he
minimized. The property targets selected by Lnch
system design engineers in Martin Marictta Space
Launch Systems (Denver) and Martin Marietta
Manned Space Systems (Michoud, LLA) under plane
strain conditions are 585 MPa (85 ksi) longitudinal
Yicld Strength (YS) and 27.5 MPavm (25 ksivin) 1
T Ki¢ at 25°C with no decreasce in either at eryogenic
temperatures.  TFFor the present study, ¢ryogenic
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testing will be performed at liquid nitrogen
temperatures (-196°C) with lower temperature tests
performed on relevant compositions in other studics
at the aforementioned production facilities.
Importantly, the present study is a precursor to
narrow the composition ranges of interest for
subsequent studics on larger extrusions and rolled
product in all relevant oricnitations.

P rimental Plan

Experimental compositions of Al-Cu-Li-Ag-
Mg Weldalie® alloys were selected based on previous
alloy development studies [3-6]. The effect of Cu
content on toughness will be reported in another
communication. Based on unpublished work, and
that of Tack et al.,[6] nominal Cu levels of 4 — 4.5
wt.% were sclected for this study. The independent
effect of T content was assessed from 0.7 - 1.8 wi.%
and Mg content was assessed from 0.2 — 0.6 wt.%.
The amount of the nucleation aid, Ag, and grain
refiner/recrystallization inhibitor, Zr, were nominally
fixed at 0.4 and 0.14 wi.%, respectively. One
available extrusion that has 0.23 wi%Ag and 0.24
wigrMg was used to provide additional data in the
lower Mg regime. The amounts of other alloying
clements were held as closely as was possible to
isolate 1.i content and Mg content as independent
variables.  The alloy compositions as measured by
the inductively coupled plasma technique are in Table
I

Fach alloy was cast under inert gas
atmosphere into 16.5-cm (6.5-in) diameter cylindrical
permanent maokds at Martin Marictta Laboratorics.
The billets were homogenized at 454°C (850°TF) for
16 h followed by 8 h at 504°C (940°F). They were
then scalped to 15.6-cm diameter and extruded at
International Light Metals toa 1.9 X 5.1-cm (0,75 X
2-in) rectangular bar at a ratio of 20.2:1. Ixtrusion
parameters were very carciully controlled to minimize
grain and sub-structural differences.  That s,




extrusion was performed at a nominal prcheat
temperature of 370°C and a ram speed of 0.25 cm/s
(0.1 infs). Product spced was monitored to ensure
fabrication at a constant strain rate.

Table L. Alloy Compositions (wt.%,
Balance Aluminum)

experiences a broad peak at 1 — 1.3 wt.% consistent
with earlier results by Langan and Pickens[5] (See
Figure 1). Peak strengths for several alloys not used
in the present toughness study are included in Figure
1. The two alloys that contained 0.24 wt%Mg (7 and
12) were not as strong as similar alloys that have 0.4
wi%Mg.

Table 1I. Peak T8 Strengths For Selected
Experimental Alloys

Alloy
No. XS UTS ¢l

MPa | (ksi) |MPa |(ksi) | %

613 88.9 | 629 91.2 9.6

676 98.1 | 683 99.1 8.6

669 97.0 | 674 97.8 8.9

050 100.1 | 696 101.0 7.1

663 06.1 | 665 96.5 23

645 93.5 | 649 94.2 2.1

631 91.5 [ 649 94.2 8.5

Alloy

No. Cu | Li | Ag | Mg | Zr | Ti
1 423 [0.73 040 ]0.34 10.15 10.02

2 428 10.84 10.36 1 0.41 {0.14 ] 0.03

3 395 11.03 1039037 10.14 ]10.03

4 4.19 | 1.21 10.37 | 0.38 | 0.14 | 0.04

5 400 | 141 }0.38 1037 j0.14 ]0.03

6 3.78 1 1.81 [0.40 ]0.34 [0.15 | 0.03

7 4.04 10.86 [0.3810.24 10.14 ] 0.03

8 428 10.84 |0.36 10.38 ]0.14 ] 0.03

9 431 |0.80 {0.36]0.38 10.14 | 0.03
10 4.04 |0.85 1 0.38 1 0.60 | 0.15 | 0.03
11 438 [1.04 038 10.38 10.14 10.03
12 3.80 10.87 10.23 10.24 |0.14 ] 0.02

672 97.5 | 684 99.2 1 100

Each extrusion was solution heat treated at a
near-constant delta (4-7°C) below the solidus
temperature for cach composition as determined by
earlier differential thermal analyses by Montoya et
al.[12] The 6.5-m long extrusions were waler
quenched o ~25°C within about 4s after removal
from the vertical solutionizing furnace. Each
extrusion was stretched 6% and artificial aging studics
were performed at 143°C. Longitudinal (L} tensile
tests were performed at 25 and -196°C according to
ASTM EB at several temperatures along the aging
curve. Peak strength at 20°C will be noted when
attained, and sclected specimens were aged o a 25°C
YS of approximately 625 MPa (90 ksi) to comparc
toughness at a ncar-constant strength level. Fracture
toughness was measured from L-T, fatigue pre-cracked
compact tension specimens according to ASTM E399
at 25 and -196°C. Sclected microstructures were
characterized by transmission clectron microscopy
{TEM) and f(racture surfaces were observed by
scanning clectron microscopy (SEM).

LI _Results

Each alloy extruded readily vsing the planned
extrusion paramcters therchby minimizing
thermomechanical processing variations. Steady-state
extrusion temperatures measured 1m from the die exit
using a contact pyrometer were quite similar ranging
from 435-445°C (B15-835°F). Peak YS at 25°C
ranged from a low of 613 MPa (88.9 ksi) for alloy 12
to a high of 703 MPa (102 ksi) for alloy 11 (See
Table IT). That is, every alloy could attain a 20°C YS
of at least 612 MPa [9] which is 27 MPa above the
target. Peak strength for the alloys with 0.4 wi% Mg
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K= [0 D] Eo N [ 9. BN LU6] {83 I

679 D85 ] 686 09.5 9.5

10 662 96.0 | 668 96.9 8.2

11 703 102.0 | 705 102.2 8.8

12 612 88.8 | 631 91.5 8.1

Alloys 1 —~ 6 were aged to a nominal 20°C
YS of 620 MPa to investigate the effect of Li content
on toughness at 20 and -196°C. This strength level
is underaged for most compositions, Strength at
-196°C was typically 745 — 760 MPa (108 - 110
ksi). Toughness increased with decreasing Li content
of this Al-4Cu-___Li-0.4Ag-0.4Mg-0.14Z:* alloy
scrics from 1.81 down to 0.73 wt.% Li (Figure 2}.
The increase in toughness becomes less dramatic
below about 1% Li. Toughness at 25°C is almost
identical to that at -196°C for each alloy containing
Li lcvels from 1.8 to 1.2 wt.%. Surprisingly,
toughness at -196°C is greater than that at 25°C for
alloys with Li contents below about 1 wt.%. In any
event, each alloy with 1.2 wt.% Li or lower easily
exceeded the 25°C strength-toughness goals (585 MPa
YS, and 27.5 MPavm Kpc). In fact, the alloys with
<1.0 wt.% Li had 25°C Kj¢ values of 43 -~ 50
MPavVm at the 620 MPa YS level. The 1.4 wt.% Li
containing alloy was approximately at the toughness
goal, and the 1.8 wt.% Li containing alloy did not
reach the toughness goal.

Alloys 7~ 10 were aged to the nominal 620
MPa (90 ksi) 25°C YS level to assess the effect of
Mg content on toughness, The 0.4-0.6 wt.% Mg-
containing alloys displayed 748 — 768 MPa (108.5 -
111.5 ksi) yield strength at -196°C with the 0.24

‘wt.%
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wi.% Mg-containing alloy lower at 726 MPa (105.3
ksi). Although data at ~0.2 wt.%Mg arc limited,
fracture toughness at 25°C for the alloys with Mg
content from .34 — 0.6 wt.% are higher than those
containing 0.24%Mg for these Al-4Cu-0.85Li-0.4Ag-
__ Mg-0.147r alloys (Figure 3). To avgment the
data at lower Mg content, data for alloy 12, which
contains 0.23 Ag and 0.24 Mg has been added to the
figure. Note that the two 25°C fracture toughness
values at a 0.34 wi%Mg are actually Kg values,
because the data failed the plasticity check. Although
the data fall in a wide scatter band at -196°C,
toughness is higher at -196°C than at 25°C at each
Mg level. Furthermore, all alloys in this Mg study
exceed the YS and Kj¢ goals (586 MPa and 27.5
MPavm, respectively).

Alloys 3 and 11 have essentially the same
composition except that alloy 11 has approximately
an additional half weight percent Cu. The strength
and toughness valucs at various high-strength aging
conditions for these two alloys are compared in Table
III. By comparing thc data in Table III, it can be
noted that the extra 0.43 wt.% Cu enables peak YS to
be increased by about 5% (35 MPa or 5 ksi).
However, toughness levels are very similar for the
two alloys at comparable strength levels. The higher
Cu-containing alloy (#11) actually shows essentially
equivalent toughness at -196°C and 25°C when aged
to the 679 MPa (98 ksi) 25°C YS level.

Table I1I. Strength-Toughness Combinations for Alloys 3 and 11 at High Strength Levels
25°C -196°C
Atloy 3 (Al-3.95Cu-1.031.i-0.39A¢-0.39Mg-0.147r
Aging time (h) @ 143°C YS urs cl Kic YS uTs el Kic
(MPa) | (MPa) | (%) (MPavm) | (MPa) [ (MPa) | % (MPavm)
12 585 613 11.8 48.1 711 767 12.3 55.7
13 613 634 10.5 445 720 772 92 512
14 627 645 10.8 437 758 802 9.7 47.4
21 651 660 88 (404 794 824 85 |418
60 (Peak) 669 674 8.9 n/a n/a
Alloy 11 (A1-4 38Cu-1.041.i-0.38A -0 38M -0 147r)
YS UTS el Kie YS UTS el Kic
Aging time (h) @ 143°C (MPa) | (MPa) | (%) (MPavm) { (MPa) | (MPa) | % {MPavm)
8 592 038 11.1 47.2 720 779 14.3 48.7
11 641 663 10.8 37.8 786 817 11.1 44.8
16 679 683 9.0 38.5 772 813 12.2 37.6
24 (Pcak) 703 705 9.7 31.2 n/a
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Figure 3. Fracture toughness of experimental alloys at 25 and 196°C as a function of Mg content.

Figure 4. Transmission electron micrograph of alloy 3 (3.95Cu-1.03Li) viewed

down a cube axis of the fcc matrix. In this orientation © platelets are oriented
horizontally and vertically. &' is indicated by arrows. a) aged 12h at 143°C, b)

aged 21h at 143°C.
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TEM examination of Alloy 3 (Al-3.95Cu-
1.03Li-0.39Ag-0.37Mg-0.14Zr) showed no significant
difference in grain boundary precipitation in the two aging
conditions. Matrix precipitation in this alloy contains
Ty, §', and 9, (see Figure 4} as previously shown for this
composition range[14.-16.18] The increased aging time
from 12 to 21 hours resulted in significant increases in T,
and especially S' precipitation. Perhaps the reduction in
fracture toughness ratio (Kyc at -196°C + K¢ at 25°C;
FTR hereafter) that occurs with increased aging is
associated with the increased precipitation of Ty and 8 at
the expense of 9.

Fractography was performed on the toughness specimens
for alloy 3 that were tested at room and cryogenic
temperature, in two aging conditions: 143°C for 12h
(Y5=585 MPa), and 143°C for 21h (Y5=651 MPa). The
room temperature fracture morphology, after aging for 12h
(Kjc=48.1 MPav¥m) consists of ductile microvoid
coalescence, with some voids initialing at constituent
particles (Figure Sa). There is a minor amount of
intersubgranular fracture, c.g., a point A, Figure Sa.

For the same aging condition, tested at -196°C,
(YS=711 MPa, Ki¢=55.7 MPavm) the failure mode
becomes primarily ductile tearing at the grain and subgrain
boundaries, with a greater amount of intersubgranular
failure with some evidence of fine dimpling at subgrain
interfaces (area B, Figure 5b). This suggests a tortuous
crack path that is consistent with the high FTR (1.16) in
this temper.

Fractography of the compact tension specimen,
tested at 25°C, aged at 143°C for 21h (YS=651 MPa,
Kic=404 MPa\fm) reveals a reduction in microvoid size
(Figure Sc). At cryogenic temperatures, failure becomes
primarily intcrsubgranular, with discrete areas of
constituent particle pull out, and intersubgranular fracture
of favorably oricnted larger subgrains (Area C, Figure 5d).

Fractography of alloy 11 {(Al-4.38Cu-1.04Li-
0.38A£-0.38Mg-0.147r aged at 143°C for 8h [YS=592
MPa]) was also performed at both room and cryogenic
temperatures. The room temperature fatlure mode was
predominately ductile microvoid coalescence, initiating at
constituent particles (Figure 6a). The size, shape and areal
fraction of microvoids was qualitatively similar to those
scen for alloy 3 at a similar yield strength, which is
consistent with the similar toughness values measured
(48.1 MPavm for alloy 3, and 47.2 MPavm for atloy 11).

At -196°C, (YS$S=720 MPa, Kic=48.7 MPaVm,
Figure 6b) the fracture surface exhibits a significant
amount of ductile intersubgranular failure, (area A). There
also are areas of coarse constituent particle pull out (arca
B) and some featureless arcas suggestive of low energy
failure features (arca C). Nevertheless, the toughness at
-196°C is actually slightly higher than that at 25°C.
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Perhaps the ductilc intersubgranular features not seen for
the 25°C fractures compensate for the lower energy
regions.

IV Dj .

The increase in toughness with decreasing
Li content for alloys of otherwise similar
compositions that are aged at a constant strength level
is expected from basic alloy design principles,
However, it is interesting to note that most
aluminum lithium alloy development after ~1980
involved relatively high Li contents (2 — 2.7 wt.%)
so the density benefits accompanying high Li levels
could be realized. This is somcwhat unfortunate
considering that alloy 2020, developed in the late
1950's, attained very high strength at albeit modest
toughness levels with 1.1 wt.% Li. The development
of Weldalite® 049-type alloys has typically
emphasized the lower Li regime with compositions
that benefited greatly from relatively small amounts
of Ag+Mg as nucleation aids. As shown by Langan
and Pickens[3] at higher Cu levels and seen in Figure
1 of the present work, the highest strengths in the Al
Cu-Li-Ag-Mg system arc obfained at about
1-1.3wt%Li.  Nevertheless, the 1 wt.% Li
emphasized in this work is approximately 4 atomic %
Li which is far greater than the atomic percentage of
the other alloying elements.

The improvement in FTR at lower Li levels
is wunexpected.  We presently do not have an
explanation for the improvement seen below about
1.2 wi.%Li at the 620 MPa 25°C YS level. It is
difficult to use any onc mechanism to explain the fact
that fracture toughness and yield strength both
increase at cryogenic test temperatures. Tack et al.
(6} reported fracture toughness increases at cryogenic
temperatures for Weldalite® 049 variants with
compositions of Al-4.0Cu-1.5Li-0.4Ag0.40Mg-
0.14Zr and Al-4.0Cu-1.0Li-040Ag-0.40Mg-0.14Zr.
The higher Li vanant (1.5% L1) displayed a fracture
mode change from a transgranular shear/microvoid
coalescence at ambient temperature {0 a transgranular
shear/intersubgranular fracture at -196°C. However,
the fact that fracture toughness is higher at cryogenic
temperaturcs was attributed to the presence of
discontinuous intergranular cracking parallel to the
crack front. The intergranular cracking was attributed
to the heavy grain boundary precipitation of
Ti1(Al2CuLi), The alloy most similar to the Al-
4.0Cu-1.5Li-0.4Ag-0.4Mg-0.14Zr alloy in the
present work is alloy 5, which with 1.41 w%Li
showed no such cracking parallel to the crack front
and displayed a flat cryogenic toughness trend. Tack
et al.(6) also showed a 19% fracture toughness
improvement at -196°C rclative to ambient
temperature fracture toughness for the Al-4.0Cu-
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Figure 6. Fracture morphology of alloy 11 at the following aging conditions, and test
temperatures: a) 143°C(8h) 25°C K1¢ = 47.2MPavm, and, b) 143°C(8h) -196°C K1C =

48.7 MPavm.




1.01.i-0.4Ag-0.4Mg-0.14Zr alloy. This alloy retained
a ductile microvoid coalescence fracture mode at
-196°C. The alloy is very similar to alloy 3 in the
present work, which showed a 14% increase in
toughness at -196°C at the 613 MPa YS level. No
evidence of "delamination toughening” was observed
for this alloy indicating that its high FTR is intrinsic
and likely to be realized in thin gage metals as well.

The toughness benefit at 25 or -196°C that
accompanies lowcring Li content becomes less
dramatic as Li content is lowered (Sce Figure 2).
For the 4-4.5 wt.% Cu level, 0.75 wt.% Li offers
particularly attractive combinations of strength and
toughness -- 620 MPa (89 ksi) YS and 50.6 MPa Vm
(47.7 ksi Vin) Ky at 25°C, which increases to 731
MPa (106 ksi) YS and 52.1 MPa ¥m (474 ksiVin)
Kic at -196°C. This Li level in the Weldalite® 049
alloy system offers particular promise for damage-
tolcrant applications. Although the elastic modulus
was not preciscly measured in this stady, inspection
ol the stress strain curves for the 0.73 wt.% Li-
containing alloy suggests values of Youngs modulus
of about 74.5 — 75 GPa (10.8 - 10.9 Msi) and may
result from the relatively high volume fracture of Ty;
a phase whose modulus has been estimated to he 350
GPa.[13]

In paralle! work [17], Li contents in the 0.4
- 0.5 wt.% regime have shown particular promise for
warm temperature applications becavse of good
toughness aiter elevated temperature exposure. In
addition, strength-toughness combinations at 25 and
-196°C arc attractive. For example, an Al-4.24Cu-
0.421.i-0.36Ag-0.36Mg-0.147r alloy attains a peak
T8 YS at 25°C of 570 MPa (83 ksi) with K. of
46.4 mPavm (42.2 ksivin.). This toughness is lower
than the 25°C toughness of similar alloys with 0.7-
0.8 wt% Li (Figure 2} at a 9% higher strength level,
which underscores the potential of Weldalite® 049-
type alloys at the 0.75 wt% Li level. The
rccommended Li level for cryogenic hardware could be
between .75 and 1.05wt%, depending on product
form and the toughness requirement for the specific
subcomponent,

The increase in 25°C toughness at the 620
MPa YS level with increcasing Mg conlent {Sce
Figure 3) is a potentinlly vscful result for damage-
tolerant structures.  Earlier work by Gayle
ctal. (14-15) ohserved §' (Al,CuMg) precipitation in
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similar underaged alloys at the 0.4wit% Mg level with
increasing §' precipitation at higher Mg levels.(16)
The micrestructures of the extrusions in the present
Mg study have not yet been characterized.
Nevertheless, it is possible that the toughness
increase results from increasing §' precipitation,
which might homogenize slip. It is also possible
that the additional Mg may e¢ffcct more uniform
overall matrix precipitation by increasing nucleation.
In any event, weldability at the 0.4 wi%Mg level
alloy has been demonstrated (with >4%Cu) and
constrained welding tests for the 0.6 wt%Mg-
containing alloy must bc demonstrated before this
variant could be considered for cryogenic tankage.

The effect of Mg content on FTR is unclear
because of insufficient data. Unfortunately, the
nominal YS level of 620 MPa was not preciscly
attained. YS$ varicd from a low of 605 to a high of
626 MPa and it may be difficult to discern small
differences in FTR with even this slight variation in
YS. The high -196°C toughness point at 0.6 w%
Mg (Figure 3) was actually slightly out of this range
(600 MPa) but its high value -- 55 MPaVvm --
suggests that the higher Mg level warrants further
study. In addition, the lower 20°C toughness at 0.24
w1% Mg could actually contribute to a higher FTR at
this composition despite the fact that toughness may
be lower.  Additional data are currently being
obtained. In any event, compositions at the 0.4wt%
Mg level exceed target strength and toughness goals
and, with extensive welding experience[10], is the
reccommended Mg level at this time for cryogenic
tankage applications.

Many of thc alloys investigated show
particular promise for Iaunch systems. In fact, all but
alloy 6 is worthy of consideration. The strength-
toughness combinations of alloys 3 and 11 are
particularly noteworthy with metallurgical engineers
in Martin Marictta plants showing great interest in
alloy 3. It is important to realize that the data
generated arc longitudinal and L-T from extruded bar.
The highly stressed orientation in cryogenic tankage
is often LT and T-L.. Consequently, the data obtained
should be uwsed to guide morc extensive alloy
devclopment work. Additional ambient and cryogenic
data on larger extrusions and rolled plate of various
gages in L, LT, ST, 45° and L-T, T-L, and
occasionally S-L should be gencrated. These data,
coupled with extensive welding evaluations must be
performed before an alloy can be used for eryogenic
tankage.



V, Conclusions

The 25°C L-T fracture toughness of Al-4Cu-
_ Li-0.4Ag-0.4Mg-0.147r Weldalite® 049-
type alloys increases with decreasing Li
content from 1.8 to 0.7 wt.% at the 625
MPa (90 ksi) T8 yield strength level,

e Fracture toughness values at 25°C and
-196°C are approximatcly equivalent for
cach alloy from 1.8 to 1.2 wt.% Li.

»  Fracture toughness at -196°C is greater
than that at 25°C for < 1.2 wt.% L.i.

The 25°C L-T fracture toughness of
Al4Cu-(0.73-0.87N.i-0.4Ag-__Mp-0147r
weldalite® 049-type alloys is higher with
{nominally) 0.4-0.6% Mg than with
0.2% Mg at the nominal 625 MPa (90 ksi)
T8 yield strength level,

+  Tracture toughness at -196°C is greater

than that at 25°C for cach Mg level.

Many compaositions around the Al-4.0Cu-
1.0L1-0.4Ag-0.4Mg-0.147r nominal com-
position are capable of displaying higher
fracture toughness at -196°C than at 25°C.

As expected, all alloys displayed signifi-
cantly higher strength at -196°C than at
25°C, Every alloy could be heat treated to
>612 MPa (88.8 ksi) YS at 25°C.
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High Strength Al-Cu-Li Alloys for Launch Systems
Joseph R. Pickens

How do you control so accurate that you can control the composition variation?

Reynolds have done a very fine job in controlling the composition of most of the
alloying elements. They have done a fine job in copper and lithium and I believe of
late there were some variations in zirconium content but I think they have a good
handle on that.

What about the Mg.

Mg is important. We find that we get very good strength properties if you are above
about .33 up to about .45; careful control of Mg content is really not a problem,
because there is a fairly wide window. The concern that we have, and Attila and I
have been trying to run the experiment, is to look a the higher magnesium levels and
see if there is a weldability penalty as you go higher.

Have you done any work concerning the high Mg content and the possibility of
eliminating the silver?

Yes, we have done some studies eliminating the silver. As you know from the 3rd of
a million dollars spent between Alcoa and Martin Marietta on that senseless patent
battle, there are some very good Al-Cu-Li-Mg, weldalite alloys that do not have
silver. They are patented, and Reynolds is licensed to produce them. I think there
are some jewels just waiting to be developed but it is a matter of money. Basically,
you can take any alloy I have here and come within 5 percent of the strength and
toughness properties by taking the silver out. My comment earlier that the
magnesium is more potent nucleation aid than the silver, is a manifestation of that, if
you take some of these alloys and you take the silver out you will pay maybe a 5
percent hit in strength and then you will see a toughness hit that is about twice as big
as I showed on that one slide. In fact, at the HSCT meeting a few months ago I did
show some comparisons of silver versus no silver in Al-Cu-Li-Mg weldalite alloys.
Silver containing alloys are tougher, it is worth paying the extra 20 cents a pound you
pay for the silver. However, for specific applications there may be some winners
among the Ag-free alloys.

John Newman (Alcoa) I had a question about your composition. If you are looking at
different plate gages, should you look at different zirconium levels?

I certainly would. I know that Reynolds is looking at that now because there has been
some variation in properties in different plate gages and although, I have not been at
all of the recent NASA-Martin Marietta-Reynolds meetings, I believe Reynolds are
assessing the possibility of using different Zr levels for different gages of plate. I
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have always argued in the past that we generally find better fracture toughness in a
unrecrystallized microstructure. However it seems to me that with different
orientations in service, what if you could introduce a controlled amount of 5 or 10
percent recrystallization to make the crack path more difficult? So there may be some
gages where you might want to drop the Zr a hair to do just that. You’ll likely get to
the point where you need a very carefully controlled plant practice: but I think it is
doable.

Eui Lee (Navy) I have few short questions, first I think to use this alloy for a support
skirt or like that extrudibility is very important; but extrudibility will not be as good
as 6063. What kind of extrudibility do you expect?

That is a good question for the 2 applications, the bicycle tubes and hockey sticks,
that Anodizing Inc, are pursuing. They were using low tech alloys such as 6061 and
the key was that they were extruding through a ported die and the material would
have to self-weld and a form a good seem when it came out of the die. They were
not piercing and extruding over a mandrel. They needed higher strength than you
could attain through the conventional alloys. They tried 7178, which was probably
the highest strength conventional aluminum alloy, as you might expect alloy 7178
would not self weld when it went through the die. Weldalite 2094 came around and
the first time they got beautiful self welds. So that is why 2094, is of interest for
ported-die, high strength extrusions.

E.L. - The other one is anodizing is also important, what are the characteristics of
anodizing?

I am glad you asked that. I made some M16 rifle receiver forgings from weldalite
2094 and went to a vendor who used the anodizing procedure actually developed by
Martin Co. in the 50’s. The vendor used the same parameters they use for 2014,
The experienced technican turned the knob a little bit this way and a little bit that
way; we got beautiful anodized surfaces on the receiver forgings.

Eui Lee (Navy) The Navy used alot of like investment castings for small parts. Have
you considered using this alloy as for casting application?

Absolutely. You know the name weldalite’. 1 made up that name as a tongue-and-
cheek joke because other Al-Li alloys not designed for weldability were called
Alithalite®, Lital®, or Lockalite alloys. I made a casting variant and called it castalite
A+ in an internal Martin Marietta meeting, I showed some really promising
properties for some cast variats at about the 4 copper, 1 lithium levels and then I
added analling elements to improve fluidity. Everyone in Martin Marietta who was
looking at castings said, "where can I buy castalite; I would like to use some." Then
I informed the potential users that they would have to pay money to develop castalite.
Nobody wanted it that badly.
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In the low lithium alloys, do you find delaminations in the high fracture toughness
samples?

No, that is what is so nice about these alloys. In the lower lithium regime you
inherintly get lower delimanation tendency than in the higher regime but, in addition,
I think the silver and the magnesium enables the solute to be grabbed by strengthening
precipitates quicker than they might otherwise be; particularly with the 6 percent
stretch. The Ag + Mg may be why we did not see delamination in the lower lithium
levels.

So you get better fracture properties, without delamination?

Yes, in fact as Troy Tack pointed out early on, the high toughness is intrinsic to the
weldalite® alloy system if you make the material right. The toughening mechanism
does not rely on delimination toughening.

Troy Tack (Ashurst Corp.) We did do some weldalite alloy variations in a much
larger study than this and found that in the higher lithium containing alloys. We
could induce delimination toughening at cryogenic temperatures. In fact we have a
paper in the Aluminum Lithium VI proceedings that shows that behavior. But what
happens when you get to the thin gages use, for example, on the external tank,
delimination toughening, will hurt fracture toughness. In fact, another paper in the
proceedings, regarding 2090 fracture toughness shows that it is actually worse than
2219 in thin gages when you test wing surface crack tension geometry. Martin
Marietta is now using the leaner Li-containing alloy because of the intrinsic toughness
mechanism and that buys you better toughness in thick gages as well as thin gages.

To amplify Troy’s point, this composition right here at 1.5 weight % Li, showed high
toughness when it deliminated, and lower toughness when it did not deliminate. I am
not exactly sure what is different about how we made that alloy. By making the alloy
"wrong", we can get the inflated toughness by delimanation around a percent and a
half lithium.

I think yield strength was about 100 ksi on that one.

That too.

Po Chen (IITRI) I got a question regarding the previous viewgraph you put on. Could
you put it on again. Lithium, when the lithium goes lower to 1.0 or 0.8 percent, can
you relate the change in fracture toughness to microstructure in terms of like a

volume fraction of precipitation, or the type of precipitate or something like that?

Would love to but have not had the program to do it. I would like to do just that. I
did my thesis on quantitative metallography, and I think there is some very interesting
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work that could be done here but I have not yet done it.
P.C. - So we have not gone through that stage?

Let me throw something out at you. If we go a little bit lower lithium, from the
limited data I have, toughness seems to go down a little bit. Eventually, you decrease
Li so much that you get to a point where you cannot reach the 90 ksi level and you
also start to lower toughness.

P.C - How about the ratio? The cryogenic toughness to ambient toughness ratio?
Does the ratio go down or go up?

I can’t comment on whether the ratio increases or decreases because I do not have
enough data. Nevertheless, the ratio is still greater than one.

John Meheilich (Commonwealth) When you reduce the lithium content you reduce the
stiffness. How much of does this impact the design of the cryotank? Is the tank
stiffness limited, yield strength limited, or both?

Well, that is a question for our designers. The modulus of these weldalite® alloys is
still higher than you might think based on Li content because of the high volume
fraction of T,. In fact I went back and read some of Ed Starke’s old papers because I
thought this would come up. In my previous recollection of this paper. 1 thought the
estimated modulus of T, was about 170 GPA but I went back and checked and I think
Ed said it was 350 (in the work with Dowd and Wolfgang). So you seem to get more
bang for your buck with T, than you do with delta prime so you do not quite have as
bad of a modulus penalty at lower Li levels as you might otherwise. My guess is the
modulus around here is about 10.8 or 10.9 Msi. In terms of the design question our
guys were designing primarily to exploit the higher strength but these are quantifiable
weight savings for increased stiffness.
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ULTRA-LOW DENSITY, HIGH STIFFNESS Al-Li-X ALLOY FOR AEROSPACE STRUCTURAL
APPLICATIONS

D.L. Yancy
Rescarch and Development Division
Lockheed Missiles and Space Company, Inc.
Palo Alto, CA 94304

Abstract

An Al-Li alloy with nominal composttion Al-
5Li-0.2Zr (wt.%) has been successfully produced by
spray casting and subsequently processed by forging,
rolling and spinning operations into two 76 cm diamcler
domes (partial hemispheres). Prior to full scale
processing, sub-scale metal working trials were
performed in order to identify appropriate conditions
for cach thermomechanical processing step. Sub-scale
processed material was also used to evaluate dif ferent
aging treatments. Following full scale processing, the
76 ¢m diameter domes were solution heat treated at
843 K, glycol quenched, stabilized in liquid nitrogen,
up-quenched using hot water and aged for 16 hrs. at
423 K. Optical microscopy was used to characterize the
microstructure of the full scale domes. Tensile and
short bar fracture toughness tests were performed in a
variety of locations and orientations at both 296 and
77 K in order to provide a data base of key mechanical
propertics. The specific heat, thermal conductivity and
thermal expansion coefficient of the heat treated domes
were also measured over the temperature range of 77 10
296 K. The processed material was determined Lo be
casily weldable using procedures previously developed
for Al-Li alloy 8090.

L Introduction

Because of their low density and high stiffness,
Al-Li alloys are attractive materials for numerous
acrospace applications. Currently, Al-Li alloys
produced by conventional direct chill {DC}) casting arc
limited 1o lithium contents of approximatcly 2.5 wi.%.
Beyond this level, difficultics arc encountered in
producing sound, high quality ingots that do not contain
coarse second phase particles at grain boundarics. As
shown by Anyalebechi, Talbot and Granger [1], lithium
dramatically increases the solubility of hydrogen in
both liquid and solid aluminum. Thus, as lithium
content increases, it becomes increasingly difficult to
degas the melt so that the remaining hydrogen will not
adversely affeet the ductility and fracture toughness of
the material. Because of the slow cooling rales
associated with DC casting, the amount of zirconium
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that can be successfully added to the melt to control
grain size and rctard recrystallization is limited 1o a
maximum of 0.16 wt.% [2]. Abovc this amount,
zirconium reacts with aluminum to produce large,
needle-like particles of equilibrium tetragonal Al3Zr
rather than the fine spherical particles of metastable
cubic AlaZr.

In order to overcome the problems associated
with DC casting of Al-high Li alloys, some rescarchers
[3-6] have turned (o the use of Rapid Solidification
Processing (RSP) to produce these materials. The high
cooling rates associated with RSP suppress the
formation of large particles along grain boundaries and
refine the grain size. High cooling rates also permil
higher zirconium concentrations to be used without the
formation of tetragonal Al3Zr [6]. Unlike Al3Li (8),
the primary strengthening phase in Al-Li alloys, cubic
Al3Zr is resistant to shear by dislocations [7]. In Al-Li
alloys with high zirconium contents, the tendency
toward planar slip is reduced leading 1o improved
ductility [8].

Despite the advantages of producing Al-high Li
alloys by RSP, numerous steps arc typically involved in
producing a consolidated product from RSP powdcrs or
ribbon. As a result, RSP materials are not cconomically
competitive with similar materials produced by morc
direct methods such as DC casling. Another
disadvantage of RSP, especially as applied to Al-Li
alloys, is that the complex Al-Li oxides inevilably
present on the surface of powders are often retained in
the consolidated product as stringers or a seni-
continuous network along prior particle boundarics
[3,6]. The oxides scrve as preferred siies for crack
initiation resulting in an alloy with less than optimum
ductility and fracture toughness. Also, because of the
hydrated nature of the Al-Li oxide films, the hydrogen
level of the alloy can be adversely increased [9].

In recent years, spray casting has been shown to
be an effective method for producing Al-Li alloys with
lithium contemts in excess of 2.3 wt.% (9,10). Spray
casting combines many of the advantages of RSP and
DC casting into a single technique. Cooling rates arc




on the order of 102 1o 104 K/s not as rapid as with RSP,
but sufficient to produce significant microstructural
refinement and to suppress the formation of some types
of sccond phase particles. Oxide films are eliminated
and the production rates arc intermediate o those
associated with RSP and DC casting.

To date, Al-Li alloys with lithium conients up o
4 percent have been successfully produced by spray
casting [9]. In the present paper, it is demonstrated that
an alloy with nominal composition Al-5Li-0.2Zr can be
successfully produced by spray casting and
subsequently processed by forging, rolling and spinning
operations into an end dome typical of those used in
200 liter space flight dewars. Following heat treatment,
such a dome is shown to exhibit an acceptable
combination of mechanical propertics including
strength, ductility and fracture toughness. The alloy
investigated, with a density of 2.35 g,"cm3 and an clastic
modulus of 86.2 GPa, is 17 percent less dense and 17
percent stiffer than aluminum alloy 2219,

II, Experimgnial

A. Material and Processing

Two spray cast Al-Li alloys, both produced by
the COSPRAY Producis Division of Alcan
Inicrnational, were investigated: (a) Al-4.99 wi.%Li-
0.08 wt.%Zr and (b) Al-5.11 wt,%Li-0.17 wt.%Zr. Hot
isostatic pressing (HIPping), when performed on the Al-
5.11Li-0.17Zr alloy, consisted of heating for 6 hours at
823 K and 103 MPa. For the Al-4.99Li-0.08Zr alloy, a
HIP cycle of 6 hours at 843 K and 103 MPa was uscd.
All sub-scale metal working trials were performed on
44.5 mm dia. x 114 mm L. cylinders machined from the
HIPped Al-4.99Li-0.082Zr alloy. A list of sub-scale
processing sleps is given below.

(1) uniaxially forge, 63% reduction at 773 K

(23 round roll (0°,90°,45°,135%,0°90° ...), 63%
reduction at 773 K

(3) single rolling pass, 10% reduction, at 673 K

A portion of the sub-scale processed material was
solution heat treated at 848 K, water quenched, and
aged for cither 16 or 96 hours at 423 K,

Two full scale (76 cm dia.) end domes werc
fabricatcd from the as-spray cast Al-5.11Li-0.17Zr
alloy. The steps involved in full scale processing are
given below.
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(1) Cut 159 mm thick x 277 mm dia. scction from
trimmed billet

(2) 3-axis forge at temperatures between 673 and
773 K 1o yield 406 x 406 x 57 mm plate

(3) Cross roll at temperatures between 673 and 773 K
to yicld 787 x 787 x 16 mm plate

@) Cut 762 mm diameter disc from plate and spin
form to final configuration at temperaturcs ranging
from 673 10 773 K.

Following spin forming, the domes were solution heat
treated at 843 K, glycol quenched, immersed in liquid

nitrogen, upquenched using near 373 K water and then
aged for 16 hours at 423 K.

B. Tcsting and Evaluation

In order to provide a basis for subsequent
cvaluation of thermomechanically processed material,
tensile tests were performed on HIPped sections of the
Al-5.11Li-0.17Zr alloy that had been sotution heat
rreated at 848 K, water quenched and aged for 16 hours
al423 K. A strain rate of 1 x 10 st was used for all
tests. Radial, circumferential and longitudinal
oricntations were cvaluated.

Tensile tests (€= 1 x 1074 571} and short bar
fracturc toughness tests were used to evaluate sub-scale
processed material. Tests at 77 and 296 K were
performed on as-processed material as well ason
inaterials that had been solution heat treated and aged.
Both radial and circumferential orientations were used
for the tensile tests. For the short bar fracture toughness
tests, LC and LR oricntations were ¢valuated.

Tensile tests (é =1x 104 S'l) and shorl bar
fracture toughncess tests were also used to evaluate one
of the heat treated domes. Radial and circumferential
oricntations were used for the tensile specimens. In onc
set of tests, the radial and circumferential directions
were cach parallel to one of the two rolling directions.
In a sccond set of tests, the radial and circumferential
dircctions were at an angle of 45 degrees with respect to
the two rolling directions. Short bar fracture toughness
tests were conducted in the LC, LR, RC, and CR
oricntations. Radial and circumferential dircctions were
cach parallel to onc of the two rolling directions.

Thermal properties of the heat treated domes
including cocfTicient of thermal expansion, specific heat
and thermal conductivity were measured over the
temperature range of 296 o 77K. All measurements
were made al the Thermophysical Propertics Rescarch
Laboratory at Purdue University.



In order to evaluate the weldability of the heat
treated domes, test panels (102 x 102 x 93 mm} with a
double J-groove weld joint design were gas tungsten arc
welded using NG61 + 0.15 Zr filler metal. Sub-scale
Charpy specimens (55 x 10 x (.7 mm) were cut from
the welded test panels and impact toughness was
measured as a function of position with respect to the
weld centerline. Charpy impact tests were performed at
both 77 and 296 K.

III, Results

A, As-Spray Cast and Hipped Materials

An optical micrograph (longitudinal cross-
section) of the as-spray cast Al-5.11Li-0.17Zr alloy is
shown in Figure 1(a). Spray cast materials typically
contain from 1 to 3 percent residual porosity. Pores
vary in size with the largest having diameters of
approximately 100 um. An optical micrograph of the
sam¢ alloy after hipping for 6 hours at 823 K and
103 MPa is shown in Figure 1(b). Porosity is
completely eliminated and some of the equilibrium &
phase (AIlLi), originally prescnt almost exclusively at
grain boundarics, has re-precipitated as small particles
within the grains. HIPing retains the fine uniform grain
structure characteristic of spray cast materials. Both
materials have a grain size of approximately 50 um.
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The microstructural uniformity inherent in spray cast
matcrials is further illustrated by the fact that the tensile
propertics of a hipped, solution heat treated and aged
Al-5.11Li-0.17Zr alloy do not vary appreciably with
respect to oricntation within the original billet (Table I).

B. Sub-Scale Metal rking Tria!

As discussed in the Introduction, one of the
primary goals of this investigation was to demonstrate
that an end dome for a typical 200 liter cryogenic tank
can be successfully fabricated from a spray cast Al-Li
alloy with nominal composition: Al-5Li-0.27r.
However, in order to provide a better initial
understanding of the alloy's elevated temperature
deformation behavior, sub-scale processing trials were
performed. A complete description of the steps
involved in the sub-scale processing trials was given
previously in the Experimental section. It should be
noted that the purpose of the final 10 percent rolling
pass at 673 K was to simulate the type of reduction
expected during spin forming of the full scale dome.
No problems were encountered with any of the sub-
scalc metal working operations. Portions of the sub-
scale processed material were subscquently solution
heat treated at 848 K, water quenched and then aged at
either 16 or 96 hours at 423 K in order to evaluate the
effect of aging time on sclected mechanical properties.

.
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Fig. 1. Optical micrographs of polished and etched, longitudinal cross-sections of: (a) as-spray cast and (b) HIPped
(6hrs. at 823 K and 103 MPa) Al-5.11Zr-0.17Zr alloy. Note large pore in center of as-spray cast stucture. Dark

etching phase is the equilibrium 8 phase, AlLL

Table 1. Tensile Properties of an Al-5.11Li-0.17Zr Alloy Following HIPping (823 K, 6 hrs., 103 MPa), Solution
Heat Treatment (848 K), Water Quenching and Aging (16 hrs. at 423 K).

Origntation Yield Strength (KST) Ultimate Strength (KSD Percent Elpngation
Radial 354 40.6 1.8
Circumfercntial 364 40.4 1.6
Longitudinal 37.0 41.0 1.2

75




At first glance, it might be thought that a higher aging time. However, beyond 16 hours, litlle change is

temperature, with its associated shorter aging time, observed. As expected, the observed increase in
might be preferred on the basis of lower production strength with increasing aging time is accompanied by a
costs. However, Palmer [11] has shown that for simultancous decrease in ductility.
equivalent yicld strength values in an Al-4Li-0.27r
alloy, aging at 423 K instcad of 443 K rcsults in higher In Figure 2¢b) apparent {racture toughness is
ductilitics (approx. 1%) and ultimate tensile strengths plotted as a function of aging time at 423 K. Despite its
(3-25 MPa). Since it was anticipated that an Al-5Li- high ductility, the as-processed material, prior o
0.2Zr alloy would have a similar response, an aging solution heat treatment and aging, displays the lowest
temperature of 423 K was used throughout this study. fracture toughness, In this condition, however, the
vicld strength of the alloy is also quite low. Crack

The results of room temperature tensile (ests are initiation in the short bar specimens is associated with
shown in Figure 2(a). The data points for zcro aging extensive crack tip plasticity. Thus, as can be seen in
time correspond to thermamechanically processed Figurc 2(b) increasing the strength of the matrix by
matcrial prior to solution heat treatment and aging, aging, is able 1o increase the apparent {racture
Despite the relatively low aging temperature, strength toughness of the material.

initially increascs quite rapidly with increasing aging
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Fig. 2. (a) 0.2% offset yicld strength, ultimate tensile strength and percent clongation to failure and (b) apparent
fracture toughness (average of LC and LR oricntations) as a function of aging time al 423 K for sub-scale processcd
Al-4.99Li-0,08Zr alloy following solution heat treatment at 848 K and water quenching. Room temperature data.
Note that data points at zero aging time correspond o thermomechanically processed material prior 10 solution heat
trcatment and aging.
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In addition to the room temperature 1ests
described above, tensile and short bar fracture
toughness tests were also performed at 77 K (Figure 3).
Yield and ultimate tensile strengths for both aging times
incrcase slightly with decreasing temperature. For
samples aged 16 hours at 423 K, this increase in
strength is accompanicd by a slight decreasce in
ductility. Little change is observed in the ductility of
specimens subjected 1o the 96 hour aging treatment.
With respect to fracture toughness, very little change is
observed with temperature in specimens receiving the
16 hour aging reatment. For peak aged, 96 hour
specimens, the apparent fracture toughness is observed
to increase slightly at the lower test temperature.
Although a reduction in test temperaturc does produce
some changes in deformation behavior, the major trends
obscrved at room temperature continue 1o hold at 77K,
Aging for relatively short times, such as 16 hours at
423 K, appears to give an alloy with the best overall
combination of strength, ductility and fracture
toughness. Thus, for the full scale dome {discussed
below), an aging treatment of 16 hours at 423 K was
selected.

. Full Scale Fabrication

Upon successful completion of the sub-scale
metal working trials, two 76 ¢cm diameter end domes
{partia! hemispheres) were fabricated. A complele
description of the fabrication process was given
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previously. Both domes were solution heat treated at
843 K, glycol quenched, and then immersed in liquid
nitrogen. Once the domes had come 1o thermal
cquilibrium, they were removed from the cryogenic
bath and up-quenched by spraying with jets of ncar
373 K water. The purpose of this upquenching
procedure was to relieve, at least in part, the residual
stresses present in the dome following quenching from
the solution heat treat temperature. The aging
treatment, as identified in the sub-scale processing trials
consisted of heating for 16 hours at 423 K. Following
heat treatment, onc of the domes was sectioned and
extensively characterized.

Since the amount of deformation associated with
the spinning process is relatively small compared 10 that
incurred during cross-rolling, care was taken to keep
track of the two rolling directions during spin forming.
Three dimensional optical micrographs taken near the
center and near the outer edge of one of the domes are
shown in Figures 4{a) and 4(b), respectively. In both
Figures, the radial and circumferential directions arc
parallel 1o onc of the two cross-rolling directions. The
thickness of the dome ncar its center is roughly 16 mm
while the thickness near the edge is nearly 11 mm. The
increased deformation at the edge of the dome, results
in a modest refinement of the microstructurc in this
region (Figure 4). However, this refinement is not
sufficient 1o produce any noticeable variation in tensile
or fracture loughness propertics. As a result, for the
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Fig. 4. 'Three-dimensional' optical micrographs of 76 cm diameter dome following solution heat treaiment at 843 K,
glycol quenching, liquid nitrogen immersion, upquenching and aging at 423 K for 16 hours. (a) ncar center and (b)

outer edge location.
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Fig. 5. 0.2% offsct yield strength, ultimate tensile strength and percent elongation to failure in both radial and
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tcnsile data reported in Fig. 5, each dala point
represents the average of three measurcments taken
from ncar center, middle and outer cdge locations of the

dome.

The results of tensile tests performed at 296 and
77 K are summarized in Figure 5. For the data shown
in Figure 5(a), the tensile axcs of the radial specimens
arc paralle] to onc of the two rolling dircctions while the
tensile axes of the circumferential specimens are
parallel 1o the other rolling dircction. In Figure 5{b),
the radial and circumferential oricntations are once
again orthogonal to onc another. However, the tensile
axcs of the specimens are at an angle of 45 degrees with
respeet to the rotling directions. In comparing the two
Figures, it is clear that the tensile propertics of the dome
are fairly isotropic. Also, the differences observed
between radial and circumferential oricntations is small,
perhaps as a result of the limited deformation associated
with spin forming.

Short bar fracturc toughncss specimens were
used to measure apparent fracture toughness in the LC,
LR, RC and CR oricntations as a function of test
temperature. For the data shown in Figure 6, the radial
and circumferentiat oricntations are cach parallel to one
of the two rolling dircctions. As implicd in the Figure,
no difference was observed between LC and LR
oricntations and between RC and CR orientations,
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Also, no variation in fracturc toughness with respect 10
position (center to edge) within the dome was found.
As a result, each LC,LR data point is an average of
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Fig. 6. Apparcnt short bar fracture toughness as as
function of test temperature for the Al-5.11Li-0.17Zr
alloy dome following solution heat treaument at 843 K,
glycol quenching, liquid nitrogen immersion,
upquenching and aging at 423 K for 16 hours. Radial
and circumf{erential dircctions are parallel o cross-
rolling dircctions.

cight measurements while cach RC, CR data point is an
average of four measurements. Fracture toughness is
slightly less for specimens in which the fracture plane is
the rolling planc. This is not surprising in view of the
texture effeets and alignment of the & phase seen in



Figure 4. Regardless of orientation, however, apparent
fracture toughness increases with decreasing test
temperature.

In comparing the results of tensile and short bar
fracture toughness tests performed on full scale
processed material with those performed on the sub-
scale processed material, noticeable differcnces are
scen. The full scale processed material exhibits
consistently higher yield strength, higher ultimate
tensile strength and lower ductility. Although the
precise reason for these variations is not known, it is
likely that the somewhat higher lithium and zirconium
contents of the full scale processed material play an
important role,

Fig. 7. Polished and etched cross-section of weld in Al-
5.11Li-0.17Zr alloy dome material.

Because of the importance of welding in the
fabrication of many structures, welding trials were
performed on scctions taken from one of the Al-Li
domes. The Al-5.11Li-0.177Zr alloy can be casily
welded using procedures previously developed for AlLL
alloy 8090. Radiographic inspection was used (o verify
the overall quality of the welds. An optical photograph
of a polished and etched section of onc the is shown in
Figure 7. The results of room temperature Charpy
impact tests performed at various locations with respect
to the weld centerline are shown in Figurc 8. As can be
secn, impact resistance decreases with increasing
distance from the weld centerline.

Results of thermal property measurements made
on one of the heat treated domes arc summarized in
Figure 9. Data from 2219 and 8090 are included for
comparison. As-expected, the mean cocfficient of
thermal expansion (Figure 9(a)) is quite similar to that
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of other non-lithium containing alloys such as 2219.
Because of the high lithium content, the thermal
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Fig. 8. Impact cnergy as a function of distance from

weld centerling for gas tungsten arc weldment in heat
treated Al-5.11Li-0.17Zr dome. NG61+40.15Zr filler
mctal.

conductivity of the Al5.11Li-0.2Zr alloy is roughly a
factor of two lower than 2219 at a temperature of 77 K.
However, the difference between 8090 and the Al-
5.11Li-0.2Zr alloy is quite small despite a factor of two
difference in lithium concentration. Specific heat of the
5 wi.%Li alloy also exceeds that of 2219 and 8090
although the difference disappears at cryogenic
temperaturcs.

IV, Discussign

In an carly investigation of Al-high Li alloys,
Meschter, Lederich and O’Neal [3] used RSP to produce
both an Al-3.95Li-0.2Zr and an Al-4.7Li-0.2Zr alloy.
For the near 5 wi.%Li alloy, extruded (19:1) at 673 K,
solution heat treated at 861K and then peak aged at
433 K, ductilitics in the range of 0.8 to 4 percent were
reported. As noted by these authors, solution heat
treatment, even at temperatures as high as 861 K,
cannot reduce the volume fraction of d phase in Al-
Swt.%Li alloys below 10 percent. Because the 8 phase
is reportedly brittle at room temperature, the low
ductility values observed were attributed entircly to the
presence of too much & phase. Other authors have since
made this claim [4]. However, numerous factors, not
just & phase content, have been shown to affect the
ductility of Al-high Li alloys. For example, as
discussed previously, Palmer [11] has shown that in an
Al-4Li alloy, aging at 443 K rather than at 423 K
decreascs the ductility of the alloy by roughly 1% for
cquivalent values of yield strength. Increasing the
volume fraction of the & phase has a similar effect. As
shown in Figure 2, increasing the volume fraction of the
&' phasc in an Al-4.99Li-0.08Zr alloy (without changing
the percentage of & phase) by increasing the aging time
at 423 K (rom 16 to 96 hours, lowers the ductility by
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Fig. 9. (a) Mean cefficient of thermal expansion, (b) specific heat and (¢) thermal conductivity of full scale
processed Al-5.11Li-0.17Zr dome following solution heat treatment at 843 K, glycol quenching, liquid nitrogen
immersion, upquenching and aging at 423 K for 16 hours. Data for 8090 Al-Li alloy and 2219 are included for

comparison. 8090 and 2219 data from Ref. 12.

roughly 2%. Also, no mention is made with respect 10
the 5 wi.%Li alloy as to the effect of Al-Li oxide
stringers on ductility. In addition to these
considerations, the distribution of the & phasc is also
important. Consider, for example, the Al-5.11Li-0.17Zr
alloy in the HIPped, solution heat treated (848 K} and
aged condition (16 hours at 423 K). The 6 phase is
present, to a large extent, as blocky particles at grain
boundarics and triple junctions. As recorded in Table I,
both the strength and ductility of the alloy in this
condition arc fairly low, However, when the same alloy
is subjected 1o extensive thermomechanical processing
followed by virtually the same heat treatment, both
strength and ductility increase dramatically (Figure 5).
In the thermomechanically processed material

(Figurc 4), the grain size is greatly reduced and
numcrous sub-grain boundarics arc undoubtedly
present. Both factors contribute to the observed
incrcase in strength, The percentage of grain boundary
arca covered by the 8 phase is lower and thus crack
initiation and propagation promoted by the 8 phasc is
more difficult.

8
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Although the percentage of & phase is a
consideration in Al-high Li alloys, other factors are also
important. By avoiding the formation of unwanted
oxide particles through the use of spray casting insiead
of RSP, and by using appropriate thermomechanical
processing and heat treatment procedures, it is possible
o produce an AER5Li-0.2Zr alloy which combines
micrmediate strength with acceptable values of duclility
and {racture toughness. Such an alloy is 179 less dense
and 17% stiffer that non-lithium bearing alloy 2219 and
represents an attractive allernative 1o existing atloys for
use in numerous room and eryogenic lemperature
acrospace applications.

V. Summary

Spray ¢asting has been successfully used (o
produce and Al-Li alloy with nominal composition Al-
5Li-0.2Zr. With a density of 2.35 g/em? and a stiffness
ol 86.2 GPa the alloy is 17 percent less dense and 17
percent stiffer than non-lithium containing 2219, The
altoy has been successfully processed by a series of
forging, rolling and spinning opcrations (o produce two



76 cm diameter end domes typical of those required for
use in 200 liter cryogenic dewars. Extensive
thermomechanical working and appropriate heat
treatment have been shown to be important in
producing an alloy with an acceptable combination of
strength, ductility and fracture toughness. The alloy is
easily weldable using procedures previously developed
for Al-Li alloy 8090.
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Uiltra-Low Density, High Stiffness A-Li-X Alloy for
Aerospace Applications
D.L. Yaney

Joe Pickens - With all that delta in the matrix are you concerned about corrosion,
stress corrosion?

Early on we did some stress corrosion cracking trials on this material and it gave
surprisingly good results, I mean better than anything we have seen from 8090 for
example.

J.P. - The strength is lower, but the actual general corrosion having the delta particles
in the matrix, have you done any standard immersion tests?

We have performed standard alternate immersion tests in 3.5 percent sodium chloride
solution and been generally pleased with the results.

Mack Roberts (Martin Marietta) Where would the applications be where the stiffness
of this material would make it a better application than for instance 2195 weldalite
0497

Like 6061 and 8090, UL50 is an intermediate strength alloy, but because of its low
density and high stiffness, UL50 is a more attractive replacement for these materials
than Weldalite. Over the past 10 years, Lockheed Missiles and Space Company has
used large amounts of 8090 for various applications. For these applications, low
density and high stiffness were more important parameters than high strength in terms
of reducing structural weight.

Bob DiTolla (Martin Marietta) Given the amount of data that you presented I have a
bunch of questions, but let me just ask you one. In the type of applications of these
type of dome structures that we have, we have to fasten to usually weld them to rings
and inherent in that type of structure you get quite alot of deformation and nonlinear
discontinuities and with that of course you get alot of deformation. I was a Iittle bit
scared on you low elongation values and wanted to know if you could comment on
that. Is that a problem, what can you do to raise those?

You are saying that when you weld to a ring structure you’re getting deformation not
in the weld metal but in the base metal, is that what you’re concerned about?

B.D. - When I pressurize the tank.
This particular application is a non-pressurized application. For a highly pressurized

application, you would probably want to use a high strength rather than an
intermediate strength alloy.
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Eui Lee (Navy) Your alloy is looking alot like a high Li content and also your
solution temperature is very high at 575 C, so have you checked lithium surface loss?

Yes, you do get a lithium loss from the surface; approximately 5 mils in the domes
after processing and heat treatment.

? (Applied Research Lab) Do you seen any volitization of lithium in the spray casting
process?

Naturally ther is some lithium loss associated with the spray casting process.
However, the material producer did not share with us the details of the spray casting
process so I don’t know the exact amount of lithium loss.

One further question, T assume your Charpy impact data with fusion zone represented
magnesium bearing filler metal?

That’s correct.
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Abstract

Low short transverse (S-L) fracture
toughness in aluminium-lithium  alloys has been
attributed  to a  number of causes including
embrittlement arising from the presence of alkali
metal impuritics (AMTI's). Vacuum refining of Al-Li
alloys to achieve low AMI contents, ic <I ppm each
of Na, K, Cs, and Rb prevents the formation of alkali-
rich grain boundary phases that can be liquid at room
temperature. In addition to the removal of AMI's,
vacuum refining removes hydrogen from the melt
allowing for residual hydrogen contents of <(.2 ppm
in the wrought products. The resulting 'low-AMT
alloys demonstrate significant improvements in S-L
fracture toughness when compared with those with
AMI contents of 5 to 10 ppm which are obtained
commercially by conventional melting and casting
techniques.

Results are presented {from a recent program
aimed at quantifying the contributions of Na and K to
the embrittiement of 2000 alloy with a range of AMI
contents. A corrclation exists between the AMI
content, proportion of the fracture surface occupied
by intergranular brittle ‘islands’ and the short
transverse (S-L) fracture toughness of Al-Li based
alloys.

L. Introduction

The current generation of commercially
available Al-Li based alloys are capable of delivering
expected improvements in stiffness and weight savings.
However, the commercial acceptance of these alloys is
being inhibited by several factors, namely (i} their
tendency  for  low-cnergy intergranular  fracture,
resulting in low fracture toughness in the short-
transverse (S-1.) ortentation, (ii) their variability of
propertics from batch to batch and (iii) their relatively
high material cost,
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Commercially available AlLi based alloys
typically have alkali metal impurity contents within the
range 3-10 ppm of Na + K and hydrogen contents
within the range 0.3-0.6 ppm.  Vacuum refining
technology  developed by Comalco  Aluminium
Limited, Melbourne, Australia’"’ has enabled the
production of Al-Li based alloys with very low alkali
metal impurities (AMI) and hydrogen contents, ie. < 1
ppm each of Na, K, Cs, Rb and < (.2 ppm H;. The
resulting products, manufactured in the United States
and marketed as VACLITE™ Al-Li alloy products,
exhibit significant improvements in fracture toughness,
stress corrosion resistance and ease of fabrication by
extrusion, forging, rolling, welding and other means.
The vacuum refining technology is not specific to any
one lithium containing alloy series but is 'generic’ to
any lithium containing alloy.

II. Experimental Details

An  experimentally designed  program
involved the casting of some ninety 127 mm diameter
ingots of 2090 alloy with nominal compositional
details arc shown in Table 1 and cover a range of AMI
contents.

Table 1
Compositional Details
Element W% ppm Method
Li 2.0 Icp
Cu 2.4 ICP
Zr 0.1 ICP
Na <(0.5 t0 20 GDMS
K <0510 20 GDMS
H, 011003 Inert Gas
Fusion
Homogenisation, extrusion, solution-

treatment, stretch and age processing was performed
under controlled and reproducible conditions.




All mechanical testing was performed on
specimens in the T8 condition that were machined

from the center location of 60 mm x 14 mm
rectangular-section extrusion. Short transverse (S-L)
fracture toughness was determined at 20°C using
chevron-notch short bar testing (ASTM E 1304).
Yield strength was determined for the longitudinal
direction.

To enable a meaningful comparison of
fracture toughness data for extrustons with varying
AMTI content, a comparison is 1deally made at constant
levels of yield strength.

In Figures k(a) - (c), S-L fracture toughness
data are presented for samples with AMI contents over
the range 1 - 40 ppm (Na + K) for yield strength levels
of 440 MPa, 476 MPa and 492 MPa, respectively. At
each level of yield strength, the fracture toughness for
samples with 1-2 ppm {(Na + K) is significantly higher
than the fracture toughness of samples with > 5 ppm
{Na + K) AMI content and this improvement increases
at lower yield strength levels.

By using two ageing treatments for each
extrusion, variations in yield strength levels were
achieved, so that by assuming lincarity, the fracture
toughness could be normalised to a constant
longitudinal yield strength of 455 MPa, Figure 2.
Therc is a dramatic increase in toughness as the AMI
content is reduced below 3-5 ppm (Na + K). Statistical
analysis of the data suggests a logarithmic relationship
between fracture toughness and AMI content, as
presented in Figures 3 and 4,

SEM observations of the fracture surfaces of
S-L specimens identify a change in the proportions of
the brittle regions or ‘islands’ as AMI content is
reduced. Fractographs of extrusion samples identified
in Figure 1(a) are presented in Fipures 3 and 4:

. Sample A with 21 ppm Na, 10 ppm K, 0.2
ppm H: has Ky =20 MPa m”. The fracture
surface exhibits cleavage-like and
intergranular  brittle  ‘islands’  that  have
coalesced (Area of brittle 'islands’ 80-90%).

. Sample B with 0.7 ppm Na, 10 ppm K, 0.3
ppm H, has Ky =23 MPa m”. The fracture
surface exhibits brittle intergranular ‘islands’
surrounded by dimpled areas (Area of brittle
islands' 10-20%).
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. Sample C with 3.7 ppm Na, 1.9 ppm K, 0.2
ppm H, has Ky =27 MPam®, The fracture
surface exhibits brittle intergranular ‘islands’
surrounded by dimpled areas {Area of brittle
islands' 5-10%).

. Sample D with 0.92 ppm Na, 0.04 ppm K, 0.2
ppm H, has Ky =35 MPa m”. The fracture
surface exhibits a mixed
transgranular/fintergranular dimpled
appearance (Area of brittle ‘islands’ < 1%).

Figure 5 presents fractographs for extrusion
samples containing predominantly one AMI type at a
level of ~ 10 ppm. Some 10-20% of the fracturc area
is occupied by brittle intergranular ‘'islands’ in each
case:

. Sample E with 7.2 ppm Na, 0.25 ppm K, 0.2
ppm H;

. Sample B with 0.7 ppm Na, 10 ppm K, 0.3
ppm H,.

IV. Discussion

Various researchers® * ** % have considered
the possible influence of alkali metal impurities and
hydrogen on the mechanical properties of Al-Li based
alloys. A consensus of opinion has been that, provided
the alkali metal impurities were at the 5-10 ppm level
as achieved by the conventional manufacturing route
for Al-Li based alloys, alkali metal impuritics would
not contribute to the low-energy intergranular fracture
problem nor the variability of property response of
these alloys.

Webster” ® proposed that these alkali metal
impuritics were present in grain boundary locations as
a liquid eutectic phase at room temperature and that
these grain boundary particles lowered the surface
energy and promoted intergranular weakness. Webster
showed that in Al-Li based alloys with alkali metal
impurity levels considerably higher than present in
commercial alloys, liquid sodium-rich grain boundary
phases exist and that these phases are sites of high
hydrogen concentrations.

Work by Lynch® and others has shown that
AMI can facilitate crack growth and result in the
formation of distinctive brittle intergranular 'islands’
{and occasional cleavage-like ‘islands’) centered on
inclusions. Recently Lynch” has used SIMS to
identify concentrations of AMI on the brittle ‘islands’
seen on fracture surfaces produced by creep cracking



of commercial Al-Li based alloys with AMI contents
of 8 ppm (Na + K).

The brittle intergranular ‘islands' (Figures 4
and 5) are similar to those observed previously by
Lynch and others and shown to be associated with the
presence of Na + K rich liquid phases.

The proposed mechanism for the formation of
these brittle ‘islands” involves the transport of Na and K
atoms 1o crack tips and adsarption induced weakening
of interatomic bonds at crack tips. Transport oceurs by
capillary flow of liquid and, at low crack velocities, can
also oceur by surface diffusion.

A transition to more ductile crack growth
oceurs when the supply of embrittling atoms s
exhausted or when transport processes cannot keep up
with crack growth. Cracks run out of embrittling AMI
liquid sooner, and the brittle islands are smaller, when
the volume of liguid phases ts smaller and when crack
velocities are higher.  The proposed embrittlement
mechanism is schematically presented in Figure 6.

The increase in the quantity of liquid present
at higher AMI levels explains the observed variation in
the percentage of brittle ‘iskands’ seen as a function of
Na + K content (Figures 3 and 4). In addition, 1{-200G
of the fracture surface i1s accupied by ‘islands” at an
AMI level of approximately 10 ppm regardless of
whether the predominant AMI is Na or K (Figure 3).
This demonstrates that hoth Na and K contribute 1o
reduced toughness,

Thus. a correlation exists between the AMI
content, proportion of the fracture surfuce occupicd by
intergranular brittle ‘islands” and the short transverse
(S-Ly fracture toughness of Al-Li based alloys.

Other factors beside AMI levels undoubtedly
influcnce fracture toughness, However, it 1s suggested
that the presence of such impurities dominates fracture
toughness propertics at levels as low as 3-5 ppm (N +
K). I may be that only now, with the availability of
VACLITE™ low-impurity Al-Li alloy products, will
the inherent strength and toughness relationships be
developed for Al-Li based alloy series.

V. Conclusions

1. Vacuum refining Al-Li based alloys to very
low alkali metal impurity contents (<< 1.0 ppm
cach of Na, K, Cs, Rb) and hydrogen content
(< 0.2 ppm Hy) sigmficantly improves S-T.
fracture toughness.

- 2090 alloy extrusions of 14 mm section
thickness in the T8 temper are characterised

by :
. Ky = 34-37 MPa m’ @ longitudinal
YS =440+ 12 MPa
. Ky =24-28 MPam” @ longitudinal
YS=476+ 12 MPa
. Ky =22-26 MPam” @ longitudinal
YS =492 = 12 MPa.
2. Fracture surfaces of material with low AMI

content arc characterized by a predominantly
dimpled, higher energy, failure mode with an
absence of the alkali metal induced brittle
intergranular 'islands’ observed in Al-Li alloys
with higher Na + K contents.

3 A correlation exists between the alkali metal
impurity content, proportion of the fracture
surface occupied by intergranular  brittle
islands' and the short transverse  (S-L)
fracture toughness of Al-Li based alloys.

4. An embrittlement mechanism, involving the
presence of a liquid alkali phase at geam
boundarics is proposed as the failure
mechanism producing significantly reduced
fracture toughness for Al-Li based alloys. Tt
is suggested that the presence of such
impurities dominates the fracture toughness
properties at levels as low as 3-5 ppm (Na +
K).
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Frgure 3: SEM of sample D with < 1 ppm Na+K showing a predominantly transgranutar

dimpled fracture surface.
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High Fracture Toughness in Al-Li Alloys - The Result of Vacuum
Refining to Effect Alkali Metal Impurity Removal
J.L.. Mihelich

Lee (Navy) Will you tell me a little bit about your vacuum process, is it like argon
degassing kind of just put in the vacuum or what?

The technique that we have used involves a vacuum induction melting system where
the furnace is in a tank which is evacuated. The material is charged into the furnace
and the material is melted down under vacuum. Additional material can be added or
alloy can be added through a vacuum lock so the vacuum i< not broken. You are
talking about 10 microns type of pressure for refining and again temperature control
is very important here.

E.L. - Argon or chlorine degassing?

No, with this pores you are pulling off the atmosphere above the molten medal; any
gases which are intrapped will come off from the metal. So you have no need to
degas with chlorine to remove hydrogen because you are pulling it off with the
vacuum. And in fact you can get very low levels (say 0.1 ppm or less) because you
have reduced the pressure below atmospheric.

E.L. - So what is the difference between your vacuum processing and vacuum
refining?

Vacuum refining, as we practice it, means better vacuum levels (lower pressures) and
control of the temperature to effect removal of the undesirable trace elements. A
controlled method. There are all different types of vacuum, you can have a vacuum
cleaner but this would not remove much disolved gas or alkali metals. A very high
quality vacuum is needed to effect removal of the alkali metal impurities.

Do you use a vacuum induction furnace?

Yes, it is a vacuum induction furnace. It is the easiest to use in our process; it is
based on superalloy technology. It was developed in the 1950’s. It is very
commonly practiced throughout the world.

Whats so big about the patent?

The patent in fact features the control of the alkali metal impurities to very low
levels. We have one patent issued which indicates control of the alkali metals below
1 ppm. We also have another one that has been granted but not issued yet which
indicates that there are benefits to be had in the range up to about 5 ppm of sodium
and potassium and this is what is unique. We are in fact controlling the composition
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by processing to get improved quality so described in the paper.
A: To make the product do you have to like patent it?

Q: The technique of producing the very low levels of alkali metals and hydrogen and the
low levels of the alkali metals are patented.

Q: Tim Langan (Martin Marietta) Have you looked at the effect of temperature on
toughness; have you gone down to cryogenic temperatures, if it is an LME effect you
would think that may be diminished and your curve may flatten out a little bit.

A: There has been work done in this area looking at the more conventional levels of
alkali metals in these alloys. Don Webster, who consults for us, has done work in
this area. You do see this effect of dropping the temperature down and getting rnid of
the liquid metal embrittlement.

Q: Have you looked at going to higher temperatures to get more liquid?

When you are tatking about eutectic which is liquid at room temperature; the liquid
already exists so if you go up in temperature it will not make any difference.

No. If you go to higher temperature it will be in liquid form.
It is in liquid form at room temperature alrcady.

If you go to higher temperature more should be in liquid form.

e xR

Where is it going to come from if the liquid eutectic is already there at room
temperature?

Did you loose more copper if you go to higher temperatures?
Because of changing the fluidity of the liquid or something like that?

Covering more grain boundary?

A = A =

We have not looked at this effect but certainly that is something that could be done,
but we have not looked at it.

<

I could tell you whether you have a liquid metal or not.
Well, I think the same point that Tim made about dropping the temperature down to

freeze the liquid and we have seen that. We have seen that behavior so it kind of
convinces us that this is liquid metal embrittlement. We have not gone up in
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temperatre however.

When you go to higher levels do you see intergranular failure at low temperatures,
the eutectic would still be there but in a frozen brittle phase.

Yes but it has very little effect and you do not see a big pattern on the fracture
surface.

Joe Pickens (Martin Marietta) I think it is very interesting that Tim and I were
thinking on the similar lines. One experiment is to go lower and see if your
toughness increases to see whether it is actually an absorption metal embrittlement
phenomenon or it is just a brittle phase. You can get solid metal and induce
embrittlement to about 75 percent of the absolute melting point. You may want to see
if you get any inflection point in your ductility as you go lower in temperature;
alternatively in this experiment, it is a little more complicated to run, but you do go
to higher temperatures you do wind up loosing the susceptibility to absorption metal
embrittlement with a desorption effects. Of course there could be other things that
screw up your toughness at the higher temperatures but I think there can be some
very interesting mechanistic work done on this material.

Well, we are open to that. The idea that COMALCO has at this point is not to keep
this technology exclusively to ourselves although we are in the process of selling and
marketing billet. We think there may be some interest by other people who are in the
aluminum lithium business and we are open to talk about licensing our technology.

Bill Bhat (Marshall) Have you looked at weldability or can you speculate on that?

There was some work done, again we have not done too much on weldability. Carl
Cross at Colorado School of Mines did some Varestraint tests a few years ago and
indicated, with the low AMI levels that weldability of 2090 for example, the alloy we
looked at here, and also experimental 8090, looked to be better than the conventional
Al-Li alloys.

Sodium and potassium are both in the alkali family, are they both volitized?

Yes, it turns out that they are. One question I was prepared to answer wasn’t asked
so I will ask it myself; how much lithium do you lose when you vacuum refine? We
do not loose anymore than 5 percent and we are going down to some pretty low
vacuum Jevels. We are pulling off the sodium, potassium, and hydrogen, but we are
not removing the lithium.
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Abstract

Secondary ion mass spectrometry (SIMS) is
particularly suited to the mapping of Li distribution
in Al-Li alloys and composites. Scanning ion
microprobe and direct-imaging ion microscope
instruments have been utilized to study the chemical
microstructures of Al-Li alloys. Case studies are
described here to illustrate the application of SIMS in
the imaging microanalysis of Al-Li alloys: (a)
clemental distributions in Al-Li-Cu alloys, (b)
interfacial reactions in Al-Li/SiC composite, and (c)
quantitative profiling of subsurface depletion of Li
and Mg in oxidized alloys,

Introduction

The microstructure of Al-Li alloys has been
extensively investigated by transmission electron
microscopy [1]. In contrast, relatively little attention
has been devoted to the phase compositions and alloy
microchemistry. Knowledge of Li distribution in
these alloys is critical to alloy development and in the
evaluation of processing methods. This objective can
be best accomplished by secondary ion mass
spectrometry (SIMS) due to its extremely high
sensitivity for Li, in contrast to virtual inability of
other microanalytical technigues. The high secondary
ion signal for Li (approaching few MHz) means that
probe size-limited resolution can be obtained in SIMS
maps, enabling detection of fine detail in Li
distribution with good resolution in a short times.
Using imaging-SIMS, we have explored Li
distribution to understand microstructures, phase
equilibria, and oxidation behavior of Al-Li base alloys
[2-8]. We illustrate the analytical power of SIMS
with selected case studies.
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SIMS methodologies

fon microscope and scanning ion microscope
are the two basic tools for imaging SIMS
microanalysis (For more details, see ref, [9]). In the
ion microscope, an image of the distribution of a
particular element is obtaincd by illuminating all
points of a surface arca with a primary ion beam, and
by collecting the emitted secondary ions with an
image-forming, stigmatic mas-selective ion optical
system. In the scanning ion microprobe, a finely
focused primary ion probe is rastered over a surface,
while the sputtered secondary ion signal is
synchronously detected and mass-analyzed 1o form an
image pixel-by-pixel. Additionally, in the SIM, the
total ion-induced secondary ion signal (ISI) signal can
be used to construct topographic images of the
scanned surface area. In the ion microscope, all points
of the bombarded surface contribute to the final image
simultancously; whercas, in the SIM, each pixel is
recorded in sequence.

The lateral resolution with an ion probe,
formed using a liquid metal ion source such as Ga, is
nearly equal to the probe diameter (50-100 nm)
provided the signal is strong. The SIM instruments
offer significantly better resolution than that of the
ion microscope. However, the ion microprobe is
unsuitable for obtaining decp depth profiles because
of its slow crosion rate, whercas the ion microscope
can be used to perform depth profiling up 10 a depth
of ~10 .

igh Resolution Compositional Imaging with STM

We have demonstrated that quantitative
imaging with the high resclution Scanning Ion
Microprobe developed at The University of Chicago



(UC SIM), while a relatively recent technological
advance, has matured to the state where it can be
favorably compared in many respects with the much
better known technique of x-ray
imaging/microanalysis in the Electron Probe Micro-
Analyzer (EPMA) - a most common and versatile
materials characterization technique (10, 11]. Both
techniques use bulk samples, which require relatively
little preparation prior to examination. The
advantages of the SIMS approach compared to
EPMA, in terms of the combined performances of the
UC-SIM and the ion microscope are:

@) A 10X-50X increase in spatial resolution:
In the UC SIM compositional images disptay 50-100
nm resolution compared with 1-2 pm in the EPMA,

) SIM/SIMS can detect the full elemental
range as well as different isotopic species of all
elements. EPMA cannot detect elements below about
Be (such as Li which is the focus of this rescarch), is
increasingly insensitive 1o elements below about Na,
and cannot detect isotopic specics.

© The signal intensity in SIM/SIMS is
significantly higher than in x-ray detection in the
EPMA duc to high ion yiclds, efficient signal
collection and the absence of any significant
background signal. Typical pcak 1o background ratios
in the SIM/SIMS are 103-106, compared with 102
-104 in the EPMA. Because of this, the time needed
to accumnulate a 512 x 512 map of a single clement is
a few scconds to a few minutes in the UC SIM
compared to minutcs/hours for the EPMA,
Furthermore, the analytical sensitivity of the SIMS
method (e.g. for the CAMECA IMS-4F, at the 1 pm
lateral resolution level) ranges from ppb to ppm,
while in the EPMA the range is ppm-1%.

)] The SIM/SIMS can carry out depth profiling
at the same time as spatial mapping is being
performed to give three-dimensional clemental
distributions. Each map originates from a surface
layer at most a few nanometers deep. The EPMA
samples the composition to a depth of scveral
micrometers but cannot easily give any rcal depth
distribution information.

c) The SIM/SIMS can handle signals from
samples with rough surfaces. The EPMA requires a
smooth polished surface.

Of course the SIM/SIMS technique also has
drawbacks compared to EPMA:
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(a) The sample surface condition is critical and
pre-cleaning with an argon ion gun in the pre-pump
chamber is essential.

®) Quantification of the secondary ion signal
can be complicated by the matrix effects, and
occasional un-resolvable mass overlaps. In this
investigation we have successfully used the empirical
technique of relative sensitivity factors deiermined on
multi-element standards similar in nature to the
unknown material. Relative errors of the order of 10%
have been achieved by this method.

© The analytical sensitivity in high lateral
resolution SIMS maps is limited due to the
unavoidable trade-off between sensitivity and
resolution,

(1)) The ion beam destroys the sample layers that
have been scanned, so once examined, the same
sample layers cannot be re-analyzed.

On the whole, however, it can be said that
the advantages of the SIM/SIMS approach to imaging
microanalysis of Li in Al far outweigh its drawbacks.
The chief advantage of compositional imaging
becomes evident in the anatysis of unknowns about
which little prior information is available. This
technigue uniformly samples every point in an image
matrix without bias, which unfortunately is not the
case when an analyst is selecting locations for point
analyses. As a result of this unbiased sampling,
compositional imaging is ofien able to reveal unusual
and unexpected phenomena which might be
overlooked in conventional analysis. The
combination of images supported by quantitative
concentration values at every picture element in the
image gives a comprchensive view of the chemical
microstructure, often revealing hitherto-unpredicted
effects.

Examples of Applications
A Al-Li- 1

Most Al-Li base commercial alloys contain
Cu, often with the addition of Mg. The Al-Li-Cu
phase diagram is crucial to the understanding of the
constitution of commercial alloys. However,
relatively little work has been done regarding the
phase equilibria in this system since the seminal
study performed by Hardy and Silcock [12]. They
identificd the ternary phases and determined isothermal
sections at 350 and 500°C using metallography and x-




Fig. 1. Correlative UC SIM maps of an Al-23.4 at.% Li-27.1 at.% Cu alloy, showing the distribution of primary
T and phase mixture of Tg and a: (a) Al*, (b) Lit, (c) Cut and (d) O". These images arc displayed with a
logarithmic gray scale to enhance brightness in low intensity areas.
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ray diffraction work on a large number of alloys. In
the Al-Li-Cu system, two phases of major
importance are Tp and Tg, with nominal
compositions of AlpLiCu and AlgLi3Cu,
respectively. In commercial alloys, containing ~2 wt
Cu, Ty develops a plate-like structure with a
thickness <~2 nm and contributes to the alloy
strength by dispersion of planar slip. However, it
cannot be analyzed in this form by the available
microanalytical techniques. The Al-Li-Cu phasc
cquilibria were studicd by casting Al alloys with high
contents of Li and Cu [4, 13].

An Al-234 at Li-27.1 at% Cu alloy was
cast close to the stoichiometry of the Ty phase to
have phases large enough to microanalyze by imaging
SIMS. The alloys was heat treated at 500°C for 7
days. Specimen for SIMS analysis was prepared using
cenventional metallographic procedures with final
stages of preparation including polishing with 1 pum
diamond paste and 0.3 pm AlpO3 suspension in
cthylene glycol. Specimen contact with water was
avoided as it may alter the surface chemistry by
leaching out Lt.

Figs. 1{a-d) show Al*, Li*, Cu* and O
distribution maps of the samc specimen arca of the
temary alloy. The individual phases are marked on the
Li map. It is evident that o (aluminum solid-
solution) dominates in the Al* image, but it contains
the least amounts of Li and Cu, as expected. Ty can
be identificd as the phasc richest in Li. Ty and Tg
contain roughly equal amounts of Al and Cu and
therefore cannot be discerned from cach other in Al
and Cu maps. It must be mentioned here that these
images represent the distributions of sccondary ion
intensitics, and not of truc concentrations. The
conversion of secondary ion intensitics o
corresponding concentrations requires empirical
calibration to account for thc well known matrix-
cffects and instrumental factors [9]. Nevertheless, the
sccondary ion images arc uscful in demonstrating the
relative trends in elemental distributions, The feature
in the top-left comer is Li-oxide formed during the
polishing process. The O image (Fig.3d) displays the
same distribution as in the Lit map (Fig. 3b). This
similarity suggests that the oxygen scgregation is
dircctly related to the Li content of the individual
phases. The traces of oxygen arc assumed o arise
from the oxidation of the liquid alloy during casting,
rcaction of Li with oxygen in the specimen chamber
or surface oxidation during specimen preparation and
storage. The last two factors are unlikely as the
specimens were sputter-clcancd with an Art gun prior
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to the acquisition of images in UHV environment.

Note a subtle effect in the Li map. There is a
gradicnt in the Li distribution within the Tpg phase:
the T precipitates are deficient in Li in the central
region compared to the particle periphery. A possible
explanation for this phenomenon is that the Tg phase
forms by a peritectic reaction between liquid and Ty,
which involves solute diffusion through the growing
solid and consequently docs not reach equlibrium
state. Formation of Tg by a peritectic rcaction was
also discussed by Dubost er al. [14], who
characterized the phase equilibria in the Al-Li-Cu
system.

B, AL-Li/SiCp composile

Figures 2(a-d) show SIMS images of an Al-
2.1 wt% Li alloy/SiCp composite. This MMC was
preparcd by spray atomization, coinjection, and
deposition as described by Gupta er al. [15].
Application of imaging SIMS in the study of
composite materials has been discussed by Soni et al.
[16]. Fig. 2a is an ISI image displaying topographic
contrast of the scanned arca. Shadowing is pronounced
in this image because the channeltron detector that
collects the ISI signal looks at the scanned arca at a
shallow angle. Conscquently, the relicl at the
interface is enhanced and the particles appear to be
sticking out of the matrix. The sccondary ion signal
for mass discrimination, however, is collected normal
to the specimen surface so that shadowing and cdge
effects are minimized in the SIMS maps. The Al-Li
surfaces are invariably covered with Li-rich oxide
which can complicate surface analysis. SIMS maps
shown in Figure 2 were recorded after sputter-cleaning
the surface with an auxiliary Ar* beam in the
prepump chamber of the UC SIM. The main feature
in the SIMS maps is the presence of a Li-rich oxide
at the interface and also al some other locations in the
matrix, which may have formed during fabrication.
This reaction depletes the alloy matrix of useful Li
and is, therefore, undesirable because Li is added to
strengthen the matrix, The SiC particles dominate the
Si-image, as expected. Enhanced emission of Si from
the edges of the particles suggests that an Si02 layer
envelopes the SiC particles. There is no detectable Li
or Al diffusion into the SiC phase.

Obviously, there is chemical intcraction
between the Al-Li matrix and the SiC particles during
fabrication which is manifest as oxide formation at
the interface. The SiC particles are known to be
covered with a thin layer of $i02 and may be partly



Fig 2. UC SIM maps of one arca of an Al-2.1 wt.% Li alloy reinforced with SiC in as-fabricatcd condition. The
specimen was sputier-cleancd with an auxiliary Ar beam in the ante-chamber of the UC SIM. (a) 18I (topography),
(b) Lit, (c) Al*, (d) Si*. Notc oxidation at the fiber/matrix interface.
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responsible for this oxidation. Consequently, Li is
draincd from the matrix, altering the microstructure
and the aging response. These factors must be taken
into consideration when designing or modcling such
compositc systems. However, the reaction is limited
to the interface and the SiC particles are not attacked
by Li or AL It is expected that these chemical
interactions will be more severe if the MMC is
subjected to solutionizing and aging treatments.

ntitativ filing of Li Mg 1
xidation

Al-Li-Mg-Cu alloys undergo surface loss of
both Li and Mg following high temperature
treatments in air becausc of the preferential oxidation
of these elements [8]. Soni et al. established
systematically the depletion behavior of Li and Mg
using imaging-SIMS and ncutron depth profiling
(NDP) [7, 8]. An cxample is illustrated here to
describe the procedure employed in the quantitative
imaging and profiling of surface depletion with the
ion microscope.

A polished specimen of an Al-2 wi% Li-3.1
wi% Mg-1 wi% Cu alloy was oxidized in air at
530°C for 1 h and then water quenched to remove
most of the oxide layer. The compositional changes
occurring in a direction normal to this surface were of
interest, Specimens were mounted in epoxy with the
originally polished surface normal to the mount
surface. Two similar specimens were mounted
together, with the oxidized surfaces abutting each
other, in order to have a sufficiently large arca for
examination around the oxidefalloy interface and to
avoid sampling of the epoxy with the ion beam. This
mount was ground, polished, and coated with Au for
SIMS examination. Fig. 3 shows maps of Al*, Cut,
Li*, and Mgt SIMS maps of this specimen. Note
the presence of oxide residuc at the interface of the
abutting specimens. These images show qualitatively
that the alloy adjacent to the oxide has lost both Li
and Mg, whereas Al and Cu are ncarly unchanged.
SIMS signal intensity profiles in a direction normal
to the interface, were obtained by retrospective
analysis of the digital SIMS maps. Intensity ratios of
Li, Mg, and Cu with respect to Al were calculated at
cach pixel. Quantification was performed by using the
unaffected specimen arca as an internal standard. This
procedure is discussed in detatl by Soni er al. [8]. Fig.
4 shows quantitative concentration profiles of Li, Mg
and Cu in the near-surface area of this specimen. The
solid lincs through Li and Mg data points were
obtained by the least-squares fit of a diffusion
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equation that describes the depletion process. The
solute concentration C at a distance x from the
oxide/alloy interface can be expressed as:

Cc-G

s R )
Cp-C 24/D1

where Cj is the solute concentration at the
oxidc/alloy interface, Cpg that in the bulk atloy, and D
is the interdiffusion coefficient of the alloy at the
oxidation temperature. This curve-fitting procedure
can be used to obtain the value for D. Note that the
value of C; is non-zero for both Li and Mg.

(1]
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STRESS - ASSISTED & PRECIPITATION ON DISLOCATIONS IN AN Al-Li ALLOY
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Abstract

The morphology and growth behavior of &
precipitates nucleating on dislocations in an Al-Li
alloy were investigated by TEM. Attention was
focused on the effect of short circuit diffusion paths
on the development of precipitate morphology. The
study was conducted on a binary aluminum alltoy
containing 2.27 wt% Li which was cold rolled to a
50% reduction in arca. The & particle size was
measured as a function of time and temperature in
samples isothermally aged in the temperature range
between 210°C and 250° C. These experimental
results on growth were compared with theoretical
calculations which demonstrated that fast diffusion
paths become increasingly important as temperature
is lowered.

I. Introduction

It is widely known that dislocations significantly
affect mechanical propertics of metal alloys,
Dislocations can also modify several processes of the
precipitation phenomena in crystalline materials
including nucleation and growth of new phascs. The
dilute Al-Li binary alloy, in contrast to the
complicated and compelitive precipitation kinetics of
the commercial systems, has a simple precipitation
scquence with & precipitation at temperatures below
300°C. Therefore, it provides a good opportunity to
study coherent heterogeneous nucleation and growth
kinctics on dislocations.

In this system the & nucleus interface is fully
cohcrent with the aluminum matrix, thus the
nucleation process is termed “coherent”. The
assistance which a dislocation affords coherent
nucleation has been investigated several times [1-4].
For a coherent nucleus. the catalytic action of the
dislocation is a results of the interaction encrgy
between the dislocation and the nucleus. If the
nucleus has the same elastic propertics as the matrix,
the interaction cnergy arises entircly from the work
done by the stress field of the dislocation in helping
to produce the displacement associated with the
constrained shape and volume change of the nucleus.
During &' growth on dislocations, dislocations can
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affcct the process in two ways: first, the stress field
associated with the dislocation can exert an attractive
force on solute atoms which have a different volume
from the matrix, and second, the dislocation itself
serves as a high diffusivity path for the flow of
solute. Both mechanisms will tend to enhance the
growth kinctics of 8 attached to the dislocation line.

There is an increasing tendency to employ alloys
at higher temperature service where processes such
as coarsening, PFZ formation, and phasc
transformations towards the, often, less desirable
equilibrium phasc. becomes a concern. As all these
processes depends on diffusion in some fashion,
interest has predominatcly been associated with
volume diffusion, however, at modcerate temperatures
short circuit diffusion paths can be a contributor to
dclcterious changes in microstructure. In the present
work, cxperiments were performed to study the
heterogencous precipitation kinctics of & at
dislocations. Particular atiention was paid to &
growth kinctics as well as its growth morphology so
that a comparison between related theories [5-7] and
quantitative experimental studies can be made. The
relative effects of volume diffusion and pipc
diffusion is discussed in the context of how
important short circuit diffusion is in alloy aging.

iI. Experimental Procednre

A single binary alloy of Al - 2.27 w1% Li was
prepared by the Reynolds Metals metallurgical
laboratory where high  purity materials  were
induction melted and cast in an argon atmosphere.
In order to get sufficient dislocation structure and
sub-boundarics the alloy was cold rolled to 350%
reduction in arca prior to heat treatment, Samples of
the thin shect material encapsulated in an Ar
environment were solution heat treated for 15
minutes at 550°C in a high temperature salt bath,
and isothermally transformed at four different aging
temperatures for several aging time sequences. Table
1 gives the heat treatment conditions, Samples were
prepared  for transmission electron  microscopy
(TEM) using standard techniques and examined
using 120 keV. Dircct counting was the method
used to determine the number of precipitates per unit



Table 1. Heat treatment conditions for Al - 2.27 wi% Li alloy,

o Agingtemperature OC)

210
230
240
250

oo Agingtime(miny
1,2, 5, 10, 30, 60,120, 180
5, 15, 30, 60, 90, 120, 180

15, 35, 45, 60, 90, 120, 155, 180

45, 60, 90, 120, 150, 180

length of dislocations. Where necessary, & particle
diamcters, d, were measured on centered dark-field
micrographs imaged from &' superlattice reflcctions.
The diameter was measured on an average of 200
particles for cach aging time, t, and temperature T.

I11. Results

Nucleation and Morphological Development

The shape of 8" particles which form during
aging in association with dislocations differs
considerably from the highly spherical morphology
normally produced by homogencous nucleation.
Most of the & particles associated with dislocations
have a kidney bean shaped morphology. It was
previously determined [8] that the 8 precipitates are
always observed to be distributed to a single side of
the parent dislocation, As the aging time is increased
from 0.5 to 3 hr. a large increasc in the number of &'
is observed and the average size increases to
approximately 2000-2500 A [8]. The particle shape
also evolves considerably, a very deep cusp is
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produced as individual 8 particles grow around the
parent dislocation [Fig. 1]. Small particles of the
equilibrium phase & are also visible on the
dislocations in figure 1 {arrow), where the thin &
precipitates have produced the Moiré contrast
fringes associated with the dislocations. The latter is
another example of hetcrogencous nuclcation of a
precipitate. The evolution of the & precipitate
morphology is summarized in figure 2 where &
centered dark ficld images of specimens aged for
times G5, 3 and 9 hours at 533 K (260 °C) arc
shown. These micrographs along with schematic
drawings ilustrate the evolution of & with respect to
the catalyzing edge dislocation. Although several
attempts were made to observe &' at shorter times
they were unsuccessful. Heterogeneous precipitation
of & occurs at edge dislocations or dislocations with
strong edge character and a kidney shaped particle
results (Figs. 2b,c). In this casc the Burgers vector is
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Fig. 1. Co-precipitation of & and & on a dislocation sub-boundary. Aged 260 °C for 3 hours.
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| An example of & nucleation on the edge component
of a dislocation is shown in figurc 3. Notc from the
dislocation weak-beam dark-field image (Fig. 3¢)
that &' precipitation does not destroy the dislocation

‘ structure. As growth progresses, a deep cusp is
developed as the particle envelops the dislocation
(Fig. 2¢). This is followed by elimination of the cusp
and loss of coherency with the matrix (Fig. 2d).

The position which the nucleus takes in the
dislocation strain ficld will be just that which
relieves the largest proportion of the dilatational
transformation strain. Ali of the theories of

r

. w . :- ) l'.
"y ‘:‘::f: e tats
w1 G

S () — () —

a b

nuclcation on dislocations attempt to model the
reduction in the nucleation free energy barrier duc
to the presence of a dislocation. The approach
uniformly taken is onc that assumes that a
dislocation can act as a reaction catalyst because of
the frec energy stored in its large strain ficld. The
reduction in this free encrgy because of a local
relaxation (cither total, for an incohcrent particle, or
at least partial, for a coherent particle) because of the
formation of a sccond phase particle, is expected to
be the primary reason for the catalytic effect.

Fig. 2. The evolution of the & morphology with aging time at 260 °C shown by & - CDF image. The corrcsponding

mechanism is represented by a sequence of sketches.
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Fig. 3. &- nucleation at the edge component of a dislocation. Aged at 260 °C for 1 hour.




&' Growth Kinetics on Dislocations

Table 2. The lincar regression results of log(d) vs. log(t) at different temperatures.

aging temperature (°C) index n
230 6.551
240 0.537
250 0.511

R (chi - square) Cexp
e ABIsC®)
0.99 481
0.98 6.91
0.99 7.65
0.98 7.36

The results from the measurcment of & diameter, d,
vs. time, t, and temperature, T, are given in figure 4.
These results were analyzed using several approaches.
The first approach is to plot the relationship between
log(d) and log(t), which is lincar. Good agreement is
found (chi-squared, Table 2) between the experimental
points and a lincar regression fitted curve suggests a
rclationship of the form

d = otogt” (1

where 1 is in the range from 0.51 to 0.56, and with an
average value of 0.54. These indices, n, are closc to the
parabolic value of 0.50. Determination of the
experimental parabolic growth rate constant, oex,
employing ¢q. (1) is listed in Table 2.

The calculated volume fraction of &' per unit length of
dislocation shows that & is still in the growth stage for
the heat treatment ¢onditions used in the present work,
The theory of diffusion-controlled growth predicts that a
spherical particle follows a parabolic growth law. The
plot of mean particle radius r vs. square root of time, ',
is given in Fig. 4. The rate constant o, can then be
obtained from the slope of cach curve at different
temperatures and is ploited in Fig. 5. For spherical
precipitate growth, an analytical solution has been given
as [7]:

(C5‘fa = Co)/( Cﬁ’fa - Cma’) = ((‘Lr_hzn’zDv){ 1 - Otmfz \IT{/DV
exploun/4D,) [1-erfou/(2D)]} (2)

where Cy, and Cys are phasc boundary compositions ,
C, is the corresponding bulk composition, D, is bulk or
volume diffusivity, and oy, has same meaning as the rate
constant shown in eq. (1). A theoretical o, can be
obtained by solving eq. (2) for cach temperature. The
comparison between these values and the experimental
parabolic growth rate constant, oy, is given in Fig. 5.
The plot shows that there is a discrepancy between the
experimental and theoretical results. Taking into account

the temperature effect, the gradient of o from eq. (2) is
larger than that determined by the experimental data.
This can be further investigated by noting that the rate
constant o is proporiional to the square root of the
diffusion coefficient. i.c.. D,'"*. Hence, if we assume that
& growth on dislocations in this work is primarily
controlled by volume diffusion of Li, the related
activation encrgy for Li diffusion can be obtained by
making the plot of In{e) vs. I/T (Fig. 6) since D, =

D, exp{-Q/kT), where kT has its usual meaning. The
slope of the curve In{o) vs. 1/T times 2k gives an
activation encrgy valuc of 0.504 eV. Table 3 lists the
comparison with related documented activation data.
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Fig. 4. Mean particle radius r vs the square root of
time ' plot for different temperatures.
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Table 3. The comparison of activation energy for Li diffusion in Al.

Agent Activation Encrgy (eV) Reference
Volume 1.2540.176 Williams & Edington ™’
dislocation pipe 0.52540.173 Kirshtal, Vyboyshchik & Sudnik !'”!
&' growth on dislocations 0.504 Present work

The value obtained by experimental data is
significantly smaller than the reported value of 1.25
eV, L.e. activation encrgy for Li volume diffusion in
Al matrix. The discrepancy between the
experimental results and the parabolic growth theory
shown above raises two questions: 1) Is the volume
diffusion of Li the only mechanism during the &
growth on dislocations in the temperature range
applicd in this work? 2)What rolc do dislocations
have during & growth?

IV. Discussion

In order to understand and explain the
experimental results, related theories developed
previously were examined. The carliest treatment of
the effect of dislocations on precipitation was given
by Cotlrell and Bilby [5] in an attempt to explain the
strain-aging of stecl. Taking into account the
coupling between concentration gradients and the

drift flux which is duc to the interaction between
solute atoms and dislocations is a complication
difficult to trecat mathematically. As a simplification,
Cottrell and Bilby [5] chose to limit their
consideration to systems of initially uniform
concentration of solute, aged for only short times. In
this case, particlc growth kinctics on dislocations of
the form d o« {** would be expected. In the present
work, the measured value of exponent index
associated with time (sce Table 2) is higher than
0.22. This indicatcs that 8 growth kinctics obtained
in this experiment are faster than that predicted by a
drifl flux assumption. Later, Ham [6] developed a
modcl employing a more sophisticated mathematical
trcatment and obtained a solution which contains an
initial transicnt corresponding to the one given by
Cottrell and Bilby but tends to a higher growth rate
at longer times, specifically, d « t*%°. However, the
present data obtained for & still cannot be explained
by Ham’s solution,
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Calculations utilizing volume and pipe
diffusivities for Li in Al alloys bascd on the data
given in Table 3 have been made and are shown in
figure 7. The ptot demonstrates that pipe diffusion is
much faster than volume diffusion. However, the
effective region of the dislocation pipe available for
mass transport is very small compared to bulk so that
volume diffusion becomes morc compatible with
pipe diffusion if this limitation is considered. This is
certainly true with increasing temperature. At high
temperaturcs (240 C), consider a growing spherical
precipitate of 8 associated with a dislocation, the
growth ratc depends on the total number of Li atoms
arriving at the surface of the particle from the bulk
plus the number arriving from the dislocation pipe
region. The contribution from the dislocation pipe
can be estimated from the various models that have
been developed to study short circuit diffusion. A
well known one is Fisher’s approach to understand
high diffusion paths along grain boundarics [11].
Basced on this, a Fisher-type treatment for a
cylindrical pipe was developed by Smoluchowski
[12]. These ideas were appliced to calculate the flux
of solute atoms to the & precipitates on dislocations
dircctly from dislocation pipes. An average
dislocation pipe radius of 10A and experimental
measurcd &' radius were used in the calculations.
Figurc 8 shows the ratio of Li atom fluxcs resulting
from volume and dislocation pipe diffusivitics. The
plot indicates that volume diffusion of Li becomes
morc dominant at higher temperatures and longer
aging times. Conversely, as temperature is lowered,
diffusion limited phenomena such as growth and
coarscning, whose kinetics may be thought to be

250

Ratio of No. Li atorns from bulk and from pipe

210 220 23I-D 240 250
Temperature { °C)

Fig. 8. The ratio of calculated number of Li atoms

Jjoined into a &' particle per sccond from bulk and

from dislocation pipe.

limited by volume diffusion through the matrix
phase, can have higher kinctics due to short circuit
effccts. Pipe diffusion through a dislocation can
accelerate the growth of precipitates beyond what
would normally be determined employing volume
diffusivities exclusively.

b

Fig. 9. (a) & - CDF image shows a typical &'
morphology, which can be compared with the
calculated profile of solute atoms depleted region
associated with an edge dislocation.




Finally one can examinc how the dislocation
strain ficld affects the & growth morphology at very
short times when the Li concentration has not build
up as described by Cottrell and Bilby. Figurce 9(a) is
a TEM micrograph showing the & shape associated
with an edge dislocation core. This shape can be
comparcd with the Li depleted region profile (Fig.
9(b)) calculated from theory [5]. Therefore, at the
initial growth stage of & the kidney shape was
formed and then developed with time as described in
the previous section and figure 2.

V. Conclusions

The modeling of & growth kinetics cannot be
accounted for by volume diffusion of Li alone. Short
circuit diffusion of Li atoms in dislocation pipcs
must be combined with normal diffusion
considerations. A fictitious activation energy
calculated for the growth kinetics of &' precipitates
actually incorporates both the activation encrgics of
volume and pipe diffusion, but docs demonstrate a
value less than the reported activation energy of Li
volume diffusion alone, Experiments of 8" growth at
still lJower temperatures will need to be done to
extract an activation encrgy for Li diffusion in
dislocation pipes.
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Stress-Assisted 8’ Precipitation on Dislocations
in an Al-Li Alloy
Z. M. Wang

Gary, it is a very nice piece of work as usual. Subgrain boundaries is very
interesting, you are getting the formation of the delta prime and since the diffusion
has to be greater just to the dislocation pipe compared to the bulk concentration for it
to have the nucleation sites. Do you see any PFC at all?

Yes, in fact some of the work we are doing right now is examining the effects of
grain boundary misorientation on diffusivity, and because the instrumentation is so
good now we can measure PFC’s versus grain boundary misorientation and use these
data to back-calculate diffusion coefficents in grain boundaries and their possible
implication on such phenomena as, for instance, PFC’s or texture.

Do you see a difference between the precipitate loacation and the high angle boundary
misorientation?

Yes, absolutely. However, we did this work on Al-Cu alloys and I did not bring that
data here.

You are talking about the diffusivity as a function of angle of misorientation, what is
kind of the ratio between, let’s say an average grain boundary misorientation
diffisivity in that grain boundary versus that in the dislocation pipe?

The grain boundary diffusion is greater because it delivers more solute along its plane
rather than along a line, as with a dislocation. The effect of temperature is very
potent.

I have a question, you talked about coarsening behavior and so forth, but isn’t the
dislocation lost at some point and will there be a discontinuity then in coarsening
behavior?

Yes, I think that it will depend upon coarsening associated with what defect. If the
dislocations associated withteh delta prime particles move out of the matrix (say to the
interphase or grain boundary) the kinetics should change. What I showed is that as
time went on an interesting phenomenon occurs (Fig. 2 of our paper). This
dislocation actually climbs out of the precipitate cusp and is lost to the interphase
boundary, the reason it climbs out is that at some point the growing equilibrium delta
requires the lithium from the metastable delta prime precipitate. Because lithium
atoms are substitutional with aluminum, vacancies are required. The process of
diffusion from the delta prime precipitate to the dislocation and ultimately to the delta
particle results in the climb of the dislocation out of the delta prime cusp. The cusp
closes because it no longer has the anti-phase boundary. Finally the dislocation wraps
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around the delta prime resulting in a loss of coherency, and a change in kinetics.

Well sometimes you get the small delta prime precipitates growing together and when
the coaless you get an anti-phase boundary.

Yes, that is true too, 50/50.

Joseph Pickens (Martin Marietta) Where does the delta prime nucleate homogeneously
coming very well annealed for this dislocation density? Is it vacancy clusters?

If it is homogenous nucleation it can’t be at any matrix defect, it has to be in a
perfect lattice. There are only two examples I can think of with homogenous
nucleation. A key in determing whether it is homogenous is a high particle density.
It is homogeneous if the precipitate density is 10" particles per cubic centimeter.
There are not that many heterogeneous nucleation sites in the matrix. Besides Al-Li
the other one is cobalt particles in the Cu-Co system that seems to be homogeneous
nucleation.

Are you going to comment on the parabolic behavior when you would have expected
it to the Y3 power?

Another thing you have to be aware of is coarsening is a process of constant volume
fraction and if you have another subsequent precipitation reaction like delta (in our
case), the volume fraction of delta prime is changed. The particles may be getting
bigger but the volume fraction of the delta prime is going down, so that is not pure
coarsening. What the problem is, and I glossed over, is how come the parabolic
growth kinetics from the theory were higher than the growth kinetics of the stress
assisted delta prime particles associated with dislocations? Because you have the
volume diffusion plus the pipe diffusion, the particles on dislocations should have
higher kinetics. The answer is, in part, becuase of the competition for Li solute. A
much higher precipitate density forms on the dislocation leading to increased
ompetition for each Li solute atom.
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ALUMINUM-LITHIUM ALLOY 2195 REVERSION AGING STUDY
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Abstract

Reversion aging is of interest to the acrospace
industry as a means of improving producibility and
reducing cost for aluminum-lithium structural
components, Reversion aging of aluminum-lithium
alloys after solution heat treatment and quench
(SHT&Q) delays the natural aging process creating a
stable low strength, high elongation condition ideal
for forming. The room temperature stability of the
reversion temper eliminates the need for expensive or
operationally cumbersome low temperature (dry ice)
storage after SHT&Q. This paper describes an
investigation into the reversion aging characteristics
of the 2195 aluminum-lithium alfoy.

A stable low strength, high elongation
condition was induced in 2195 aluminum-lithium
using a variety of reversion aging practices. The
strength attained in the reverted condition was
dependent upon the peak temperature reached during
reversion aging. Strength and ductility in the reverted
condition were not influenced by the time delay
between SHT&Q and the reversion aging treatment.
Furthermore, after forming or cold working, the
revertcd temper material responded normally to
artificial aging, achieving T8 properties comparable
to non-reversion aged material.

n ion

Performance requirements for aircraft and
acrospace vehicles have fueled the development of
high strength aluminum-lithium alloys for primary
structural components. Manufactaring considerations
for these same structural components are best
satisfied by a material with low strength and high
ductility. To accommodate these opposing require-
ments (low strength/high ductility for forming, high
strength in service), forming of an aluminum-lithium
part is often accomplished immediately after solution
heat treatment and quench (SHT&Q) when the
material is in an unstable but low strength as-
quenched condition. The part is then artificially aged
up to the high strength temper to meet the service
requirements.
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If forming cannot be accomplished within
hours of solution heat treatment, the part is routinely
packed in dry ice or refrigerated to delay the natural
aging process until the forming operation can be
scheduled. Low temperature preservation of large
parts for extended periods, however, can be
cumbersome and expensive.

For aluminum-lithium alloys, a potentially
attractive alternative 1o low temperature (dry ice)
storage is reversion aging. In reversion aging a
component is briefly exposed to an elevated
temperature. Temperatures up to 390°F for a period
of 30 minutes were evaluated in this study. The
effect of this brief elevated temperature excursion is
to significantly slow the natural aging process,
stabilizing the material in the low strength and high
ductility condition.

Previous studies, i.e. Gayle et al. [1], have
shown that reversion aging of Weldalite™ 049 is
caused by the dissolution of §' and the fine GP zones.
Over an extended period of time (>1000 hours at
ambient temperature), & and the fine GP zones
eventually re-precipitate and the strength climbs to
the naturally aged T4 level. However, this significant
slowing of the natural aging process creates a
generous window during which forming operations
can be accomplished.

The 2195 aluminum-lithium alloy is of interest
to the aerospace industry for use in Iaunch vehicle
propellant tanks and adaRter structures. This alloy
falls within the Weldalite™ system but has a different
composition than the Weldalite™ 049 evaluated by
Gayle et al.. The same metallurgical phenomena are
at work in 2195 so it is reasonable to assume that the
2195 alloy will respond to reversion aging treatments
in a very similar manner. However, there is little
information in the open literature specifically
regarding the reversion aging response of the 2195
composition.

This paper describes the results of a study
performed by Martin Marietta Astronautics to address



the 2195 reversion aging information void. The
purposc of this study was not to further the
metallurgical understanding of reversion aging, but
rather, to quantify the reverted response of 2195 and
develop a reversion aging practice for 2195
components taking producibility considerations into
account (i.c. practical heat up and cool down cycles
for large parts, time delays between SHT&Q and
reversion aging, ctc.).

II, Sty jective

The objectives of this study were 1o, 1)
establish a baselinc 2195 ambient temperature natural
aging curve, 2) establish a baseline 2195 dry ice
storage aging curve, 3) evatuate the effect of heat
input on reverted temper yicld strength and
elongation, 4) evaluate the effect that the time
interval between SHT&Q and reversion aging has on
reverted temper yield strength and elongation, 5)
define the duration of the reverted temper window, at
least over the study test period, and 6) evaluate the
affect of reversion aging on final 2195-T8 properties.

I, Approach
T imen

Room temperature tensile properties were
generated using ASTM standard 4-inch-long *dog
bone” specimens, 0.380-inch-wide at the grips, witha
reduccd gage section of 0.250-inch, and a thickness
of 0.200-inch. The specimens were machined in the
LT orientation, from 0.375-inch-thick 2195-T8 Al-Li
plate. All specimens were solution heat treated at
040 to 955°F for 2.0 hours and cold water quenched
to room temperature within 15 seconds.

Aging Practices

Immediately following SHT&Q, the tensile
specimens were divided into eight groups and
maintained under controlled conditions. Tensile
testing was performed at time intervals of 15 minutes,
1,2, 5, 8, 24, 48, 72, and 144 hours after SHT&Q,
reversion aging, or an incubation period. A summary
of the eight test groups evaluated in this study is
presented in Table 1 and discussed in the following

paragraphs.

After SHT&Q, Group 1 specimens were
allowed to naturally age at ambicnt temperature until
tensile testing was performed.

The Group 2 specimens were placed in dry ice
immediately after SHT&Q and were only warmed to
room temperature a few minutes prior to testing.

Table 1. Summary description of the eight test
groups included in the reversion aging study.

REVERSICN AGING STUDY
DESCRIPTION

GROUP

1 NATURAL AGING RESPONSE CURVE

2 DAY ICE STORAGE AGING RESPONSE CURVE

250°F REVERSION AGING RESPONSE CURVE
{1 DAY AFTER SHT&Q, FIGURE 1 PROFILE)

390°F REVEASION AGING RESPONSE CURVE
4 {1 DAY AFTER SHTAG, FIGURE 2 PROFILE)

200°F REVERSION AGING TREATMENTS COMPARISON
5 (FIGURE 3 PROFILE)

EFFECT OF THE TIME INTERVAL BETWEEN SHT&Q
5 AND REVERSICN AGING (1 HOUR VERSES 24 HOURS)

EFFECT OF INGAEASING PEAK REVERSION TEMPERATURE
7 ON REVERTED TEMPER PROPERTIES.

EFFECT OF REVERSION AGING ON FINAL T8
PACPERTIES (AFTER STRETCH AND: ARTIFIGIAL AGE}

Groups 3 and 4 spccimens were allowed to
naturally age for approximatcly onc day after
SHT&Q before being reversion aged at 290°F and
390°F respectively. The 290°F treatment followed a
ramp-held-ramp temperature profile (Figure 1).

TEMPERATURE (*F}

1 1
10 20 30
TIME (MINUTES)

Figure 1. 290°F reversion aging treatment
temperature profile (ramp-hold-ramp).

The 390°F treatment followed a ramp-quench
profile as illustrated in Figure 2. Total reversion time
(exposure to temperatures above ambient) for both
treatments was 30 minutes.

400 — o
. — 390°F
38
'6'&'300._ g
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| 1 1
0 20 30

TIME MINUTES)

Figure 2. 390°F reversion aging treatment
temperature profile (ramp-quench).




Group 5 specimens received a 290°F ramp-
quench reversion aging treatment.  This reversion
treatment temperature profile, shown in Figure 3, was
included for comparison with Group 3 to cvaluate the
effect of heat input for a constant time on reverted
LCMper propertics.

300 290°F

TEMPERATURE (°F)
- ny
2 I~
& k=4

HoNano taLvm |

1 1
10 20 30
TIME (MINUTES)

Figure 3. 290°F reversion aging treatment
temperatire profile (ramp-quench).

Specimens in Groups 6 were identical to
Group 3 and 4 specimens except that they were
reversion aged one hour instead of 24 hours aficr
SHT&Q. These specimens were included in the
study to determine if the strength of reversion aged
2195 was a function of the time between SHT&Q and
the reversion treatment.

Group 7 specimens were included in the study
to further evaluate the cffect of peak reversion
temperature on reveried temper properties. Reversion
aging treatments at both 230°F and 365°F, with
ramp-quench temperature profiles identical those in
Figures 1 and 3 were used.

Finally, the Group 8 specimens were included
in the study to determine if the various reversion
aging practices effccted the final T8 propertics. After
receiving 290°F or 390°F reversion aging treatments
at various time intervals following SHT&Q (onc
hour, 24 hours, and 144 hours), followed by room
temperaturc incubation periods of varying durations
up to 144 hours, the specimens in this test group were
then stretched 4 to 5% and artificially aged at 290°F
for 26 hours to achieve the T8 condition. Non-
reversion aged specimens were included in this group
as a control.

Test Method

Testing was performed at room temperature on
an Instron Model 1125 Electromechanical Universal
Test System in the Martin Marictta Mechanical
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Propertics Test Lab in San Diego, CA. One inch
gage marks were placed on each specimen prior to
testing. To generate load versus deflection (strain)
charts a one inch strain gage extensometer was used.
The test machine cross-head travel rate was 0.05 inch
per minute through yield at which time the
cxlensometer was removed to preclude damaging it,
The cross-head rate was then increased to 0.1 inch
per minute until specimen failure occurred.  After
failure, each specimen was held firmly back together
and the distance between gage marks was re-
measured. The resulting elongation value was
calculated and recorded. All specimens failed
normally within the gage section.

IV, Results and Discussion

Aging Response Curves

The tensile test data from the various specimen
test groups was used o generate aging response
curves for the 2195 alloy. A graph of time versus
ultimate tensile strength for the first four test groups
is presented in Figure 4. Similar graphs depicting
time verses tensile yield strength and time verses
clongation are shown in Figures 5 and 6 respectively,

Strength

As can he observed in Figures 4 and 3, the
tensile ultimate and yield graphs arc essentially
identical in shape, with the ultimate strength
generally being 25 to 30 ksi higher, For the purposes
of the following discussions we will refer to the yicld
strength data, Figure 5, to illustrate various points,

In Figure 3, the tensile yield strength versus
time plot for the Group 1 specimens (natural aging
baseline shown with solid circles) shows that the
yicld strength does not increase significantly within
the first hour after SHT&Q. This data indicates that
if cold working is to be performed following heat
treatment, it should be done as soon as possible. As
expected, a significant increase in yield strength was
observed soon thereafter. The yield strength rose
from 20.5 ksi immediately after SHT&Q 10 36.3 ksi
within the first 8 hours. Afier 8 hours the strength
increase rate slowed with a value of 40.2 ksi recorded
at hour 24. By hour 72 the yield strength only rose to
42.6 ksi., and after 2,518 hours, the yield strength had
reached approximately 50 ksi.
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Figure 4. Uliimate tensile strength verses time curves for 2195 Al-Li.
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The Group 2 tensile yield plot (solid squares)
in Figure 5 is essentially flat. This clearly shows that
the dry ice storage effectively retarded any natural
aging response over the 144 hour test period. The
typical yield strength of dry icc stored specimens was
20.8 ksi.

The data further shows that the 390°F
reversion aging treatment was more effective than the
290°F treatment in lowering the yield strength of the
reverted temper. A typical yield strength of 27.5 ksi
was observed after the 390°F treatment while the
specimens treated at 290°F had typical values of 34.6
ksi.

It should be noted that the properties achieved
in the reverted temper are a function of both
temperature and time. As indicated, the lowest yield
strength in this experiment was associated with the
390°F reversion practice performed over a fixed 30
minute heating cycle. As previously noted, the 30
minute cycle was selected based on practical handling
considerations for large parts. However, it is
recognized that a complete study, including time as a
variable, should be performed.

As can be seen in Figures 4 through 6, a
significant incubation period, or cold forming
window, occurs after both the 290°F and 390°F
reversion aging treatments. Based on the flatness of
the strength vs. time curves it appears that the low
strength/high elongation state will continue far
bevond the 144 hours. The 144 hour limit was
selected for this evaluation because it was believed to
be a reasonable time frame during which a large part
could be moved and set-up for stretching or forming
operations. One of our recommendations for future
work is to extend these curves out to significantly
longer times.

Elongation

As shown in Figure 6, and as might be
expected, the Group 1 elongation values decayed as
the 2195 samples naturally aged. However, the
elongation values in general did not change
drastically over time for any of the four test groups
and conditions. This data suggests that reversion
aging is effective in maintaining a highly ductile
condition. Elongation, therefore, need not be a
concern when performing subsequent forming
operations in the reverted temper.

°F Ramp-Ouench Comparison (Gr

Table 2 shows a comparison of the tensile test

results from Group 5. After being allowed to

118

naturally age for 24 hours following SHT&Q, some
of the specimens were reversion aged using the 290°F
ramp-hold-ramp treatment and some were reversion
aged using the 290°F ramp-quench treatment,
Tensile tests were performed both immediately after
reversion aging and after a 144 hour incubation
period.

Table 2. A comparison of tensile properties from two
different 290°F reversion aging treatments performed
at two different times.

260°F REVEASION AGING TREATMENT COMPARISION
{30 MINUTE EXPOSURE)
Rmi'gp RAMP-UP
st | nuibom ||| o0
o FU ] Fv | € U] Fv [ E
®sn | xsn | % Ksh | ksh | (o)

SHT&Q
NATURAL AGE 24 HRS
REVERSION AGE 61.88 | 34.60] 30.00 63.48 | 36.26 | 28.00
TEST
SHTAQ
NATURAL AGE 24 HRS
REVERSION AGE 62.50 | 35.40 64.87 | 3782 | 27.5%0
INCUBATE 144 HRS
TEST

The data suggests that the ramp-hold-ramp
reversion treatment and the ramp-quench treatment
are very close to each other in terms of achieving the
reveried condition. The ramp-quench treatment is
considered more desirable from a practical
manufacturing standpoint. Both treatments were
effective in maintaining the reverted temper over the
144 hour incubation period.

Time To Perform Reversion Age (Group 6)

Table 3 shows a comparison of the tensile test
results from test Groups 6 and Group 3. The Group 6
specimens were reversion aged immediately after
SHT&Q (within one hour). The Group 3 specimens
were allowed to naturally age for 24 hours prior to
reversion aging.

The small variation in the data indicates that it
really doesn't matter if the reversion aging treatment
is performed immediately after SHT&Q or after a one
day delay. Data recorded during cold stretching of
some of the Group 8 specimens, which were
reversion aged 144 hours after SHT&Q, also
indicated no noticeable difference in yield strength as
a function of time before reversion treatment.

Although the 290°F reversion aging treatment
was the focus of the above discussion, it should be
noted that the same trend holds true with respect to
the 390°F reversion age treatment.



Table 3. A comparison of Groups 6 and 3 reverted

properties.
COMPARISION OF WHEN 290°F REVEASION
AGING 1S PERFORMED AFTER SHTAG
RAMP.UP BOLD RAMP-DOWN
SEQUENCE
OF EVENTS FTU FTY E
(KSHh (KST) (%)

SHT&Q
REVERSICON AGE 6523 33.81 25.00
TEST
SHT&O
NATURAL AGE 24 HRS 62,82 a5.18 28.00
REVERSION AGE
TEST

Effi f Reversion Temperature (Gr 7

Tensile yicld strength data from the Group 7
specimens, reversion aged at 230°F and 265°F (ramp-
quench profile), is plotied on the graph in Figure 7
along with the 290° and 390°F data. The plotied data
illustrates the effect that increasing reversion aging
temperature has on decreasing the reverted tensile
yicld strength of the 2195 alloy.
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- e,
L
AS-QUENCKED f DRY ICE STORED
20“‘\““““\““““
1 1 1 ) | 1 ) L |

200" 300~ 400"
PEAK REVERSION TEMPERATURE (*F)
(ACHIEVED IN 30 MINUTE RAMP)

Figure 7. Reverted yield strength decreases with
increasing peak reversion aging temperature.

At Jeast over the temperature range used in this
study, a lincar relationship exists between peak
reversion aging temperature and the resulting yield
strength (temperature profile and exposure time were
held constant). As the reversion aging temperaturc
incrcases, the yield strength decreases. The trend
indicates that a follow on study should include
reversion temperature profiles above 390°F,
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version Aging Effect on T8 Properties (Gr

Figurc 8 is a bar chart comparing typical
tensile ultimate, yield, and elongation values of 290°F
and 390°F reversion aged specimens that were cold
stretched 4-6%, then artificially aged to the T8
condition. The natural aging times of thesc
specimens before reversion aging, and the incubation
times after reversion aging all varied. Changes in
these processing variables had a very small influence
on the final propertics.
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Figure 8. Fuu, Fry, and elongation for alloy 2195
reversion aged then stretched and artificially aged to
the T8 temper.

The dotted lines in the histogram chart in
Figure 8 identify the properties in the reverted
condition. The fully shaded bars represent the
properties of the final T8 temper. As can be seen,
from the figure, similar T8 properties were achieved
after both reversion aging treatments. Since the
390°F reversion aging treatment produced the lowest
reverted temper strength levels, it shows the largest
incrcase with stretching and artificial aging. Non-
reversion aged T8 properties were within the scatter
of the Figure 8 results.

' nclusion

I Reversion aging halts the natural aging
process, creating a stable low strength, high
elongation condition in Al-Li alloy 2195,



The yield strength in the reverted temper is
inversely proportional to the peak temperaturc
achieved during the 30 minute reversion aging
process used in this study.

Within the limits of this investigation, the yicld
strength of reversion aged alloy 2195 was not
found to be a function of the time between
SHT&Q and when the reversion treatment was
performed.

Reversion aging had no measurable influence
on the final peak aged strength of 2195 after
stretch and artificial aging.

¥Y1. Recommendations

Further reversion aging investigations should
be performed considering time as a variable.

A future study should investigate the effect of
reversion aging on fracture properties.

Temperatures above 390°F should be
investigated to determine if reversion temper
yield strengths can be brought down closer to
the values obtained with dry ice stored
specimens.

The incubation period after reversion aging
should be investigated beyond 144 hours.

Further studies should also be directed at
confirming the metallurgical processes behind
the reversion effect in 2195 aluminum-lithium.
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Aluminum-Lithium Alloy 2195 Reversion Aging Study
I.K. Hall

Joe Pickens (Martin Marietta) What was the initial amount of stretch in the T8
temper?

4-6 percent.

Mack Roberts (Martin Marietta) I just wanted to comment, the work that you did
there would be a real good application for a designed experiment. You would
probably get more information with less testing. You might want to consider that for
the add-on, the additional work you are going to do. I would be glad to help you set
that up.

We would be glad to have your assistance. We have worked with designed
experiments on our rolled ring forging and our near-net forging programs. But, what
happened in this case was that we started out doing a onesy-towsy experiment, then it
grew and it grew with follow-on experiments. We have talked about using a DOE
and we would like to get with you guys, especially if you have some good
experiences with designed experiments. We have worked a little with Taguchi
methods, but would appreciate your help.

Ed Starke - I assume that what you are after is to not have to ship in dry ice.
Yes. We can ship, but we can not guarantee, even with insulated containers, that the

dry ice would not sublime during a prolonged shipment, allowing natural aging and
the associated tensile strength increase to occur.
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CRITICAL ELECTRCCHEMICAL POTENTIALS RELATING TO THE RAPID
ENVIRONMENTALLY ASSISTED CRACKING OF ADVANCED ALUMINUM ALLOYS
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Abstract

The contribution of an active pathway to the
environmentally assisted cracking of several Al-Li-Cu
alloys is discussed in terms of the clectrochemical
behavior of the tcmpered alioys and modelled
boundary features. Scratching electrode experiments
have revealed regions of applied electrochemical
potential in which solutionized Al-Li-Cu alloys
passivates spontancously whercas copper depleted
aluminum and the T, phase undergo active dissolution.
In-situ constant load testing and slow extension rate
testing of tempered alloys have revealed transitions in
time-to-failure and in mechanical behavior
corresponding to small changes in applicd potential.
Corrclations based on these critical potentials have
been drawn between the behavior of the T, phase,
copper depleted aluminum and the behavior of the
tempered alloys.

1. Introduction

A possible mechanism for environmentally
assisted cracking (EAC) in aluminum-lithium-copper
alloys is the preferential dissolution of an active phase
or rcgion combined with the effects of mechanical
stress to result in crack growth. The critical
components of such a mechanism are the solution
chemistry necessary for crack growth and the
clectrochemical behavior of the alloy on the
microstructural scale.

An initial insight into the necessary
components of the solution chemistry was made by
Holroyd" and Craig? in their investigations of alloy
8090 (Al-Li-Cu-Mg). They found that axially stressed,
smooth bar tensile samples of peak-aged 8090 would
not fail under conditions of constant immersion in 3.5
w/o NaCl solution but rapidly failed upon removal to
laboratory air. Samples were pre-exposed to the
agqueous chloride environment for up to fifty days then
removed to non-aqucous environments varying in
terms of relative humidity and the presence or
abscnce of atmospheric CO,. Rapid failures did not
correlate with a specific value of relative bumidity but
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were found to strongly correlate with the presence of
CO,. Samples which were removed to a CO,-free
environment did not exhibit failures.

A possible explanation for the change in
material response upon removal from the aqueous
environment is the development of a new local
solution chemistry. Al-Li-Cu samples exposed to
NaCl solution tend to undergo pitting attack and upon
removal of specimens from a bulk aqueous
environment the pits may retain solution and thus
become isolated, occluded cells. Holroyd attempted
to simulate the occluded chemistry by creating a
system of high surface area to solution volume ratio
and detcrmining the resultant solution chemistry!’),
When shavings of material were exposed to aqueous
chloride environments the gencrated solutions were
found to be alkaline (pH of 8 to 10) and to contain
lithium ions in the millimolar concentration range
determined via atomic absorption spectroscopy.
Based on the factors of CO,, alkaline solution
chemistry and the presence of lithium ijons, Craig
proposed the following to account for the pre-
exposurc embrittlement phenomenon®™: (1) The NaCl
environment is highly aggressive towards the alloy and
under conditions of constant immersion depassivates
the grain boundaries not allowing crack initiation, (2)
Removing a sample from the bulk environment allows
the local chemistries to become alkaline and active,
(3) Absorption of CO, promotes passivation by
LiAlO, and allows for a borderline active/passive
condition under which anodic dissolution crack
initiation and propagation is possible.

Pre-exposure embrittlecment was also found to
apply to alloy 2090 (Al-Li-Cu) as determined by
Moran®? using the experimental approach of Craig
and Holroyd"?. Moran modified the mode] proposed
by Craig for environmental cracking by rejecting
LiAlO, as the critical passivating species since it
should precipitate independent of the presence of
CO,"¥. Moran’s mode! predicted a more dircct rolc
for the dissolved CO, in the formation of the
passivating species, possibly leading directly to the
precipitation of Li,CO, X-ray diffraction studics
performed by Buchheit® indicated that passivation is




duc to the formation of hydrotalcite-type fims on the
matcrial surface.

Moran also suggested that the heterogenecous
precipitation of the T, (Al LiCu) phase influcnced the
EAC behavior of these alloys™ by providing an active
pathway along subgrain boundaries. Buchheit!®®
provided an argument for a critical role for the T,
phase based on quantification of corrosion rates of
microstructural features in a model crevice
cnvironment.  Buchheit synthesized a bulk ingot
intended to simulate the behavior of the T, phase and
determined the electrochemical behavior in aqueous
solutions using potentiodynamic  polarization
experiments.  His results indicated that the modeled
phasc was highly active compared to the surrounding
matrix material®. These findings were in agreement
with the observed pre-exposure  embrittlement
phenomenon: in an occluded environment crack
propagation could occur due to dissolution of the
active phase along subgrain boundarics while the
malrix rcmained passive duc to a precipitation
reaction based upon lithium ions and dissolved
carbonate ions; however, in the presence of a bulk
clectrolyte, the environment would be depassivating
towards the crack walls and a sharp crack could not
be maintained.

By characterizing the electrochemistry of the
microstructural {catures and the bulk alloy in the
same environmental conditions, Buchheit was able to
demonstrate a corrclation between the EAC behavior
of the bulk alloy and the clectrochemical parameters
of the individual microstructural phases.  His
experiments revealed that in a simulated crevice
environment such as 0.6M NaCl + 0.1M Li,CO, the
breakdown potential (E,) of the matrix phase («-Al)
is shifted to a more noble potential than that of the T,
phasc®'’l Thus the two E,, values definc a potential
rangc in which the matrix phase is passivated while
the T, phasc is highly active. It was shown that
polcntiostatically polarizing a mechanically stressed
smooth tensile sample within this potential range
resulted in rapid material failure (less than one day).
Samples polarized cathodic to the E,, value of the T,
phasc did not exhibit failurcs nor were any indications
of localized attack apparent after five days of testing.

The results of Buchheit®!™ and Moran?
suggest a mechanism of EAC in Al-Li-Cu alloys
controlled by the presence of an active subgrain
boundary phasc and the development of a passivating
crevice environment. The critical potential associated
with rapid EAC failures shows correlation with the
breakdown potential of the T, phasc as determined by
a bulk casting. The model based upon dissolution of
the T, phase fails to predict crack propagation along
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regions of the sub-boundarics separating the
precipitate particles.  The current research re-
examines critical potentials for rapid environmentally
assisted cracking of Al-Li-Cu alloys with particular
attention to possible contributions from a copper
depleted region along grain or sub-grain boundaries.

II. Expetimental Procedures

Materials

The primary alloys used in this research effort
are aluminum alloys 2090 (Al-2 Li-2.5 Cu-0.1 Zr) and
2095 (Al-4 Cu-1 Li-0.25 Mg-0.25 Ag-0.1 Zr). Both
alloys were received in the form of stretched and aged
3.8 cm thick plate. 2095 was studied in two as-
reccived tempers and in the solutionized and
quenched condition (SHT +CWQ). 2090 was studicd
in the as-received T8 condition, SHT+CWQ, and in
several under aged tempers. All aging conditions and
designations to be used for reference to the various
alloy/temper combinations are given in Table 1.
Aluminum alloy 2124 (Al-4 Cu-1.5 Mg-0.25 Zn-0.2 Zr)
was used in the T8 condition for comparisons with a
non-lithium containing alloy. To model copper
depleted material 99.99 Al was used as well as three
Al-Cu binaries (Al-0.1 Cu, Al-1.0 Cu, Al-3.96 Cu).

Test Environments

An aqueous environment containing 0.6 M
NaCl + 0.1 M Li,CO, is used to simulatc a possible
occluded cell chemistry based on lithivm ions from the
corroding material and carbonate duc to dissolved
CO, from ambient air. Previous rescarch has shown
that a potential range exists in this environment where
stressed lensile samples undergo rapid dissolution-
assisted cracking"™. Aqucous 0.1M NaCl + 0.1M
Na,Cr(, has bcen obscrved to produce the samce
gencral material response as the lithium carbonate
environment but with less experimental variability and
for that rcason has been used as a complimentary
environment for many of the experiments in this
rescarch.

Constant Load Expcriments

The EAC bchavior of short (ransverse,
smooth bar tensile samples was asscssed using a
constant load/time-to-failure experiment.  Samples
were wet polished to a 1200 grit finish with silicon
carbide grinding paper followed by ulirasonic cleaning
in acctone then deionized water, The tensile samples
were mounted in an environmental cell via grips
extending into the test ccll. The grips and ends of the
samples were painted with an insulating coating
leaving only the gauge length of the sample exposed.




Table 1. Aging conditions and designations for materials discussed in this paper.

Designation SHT Quench Stretch Aging Comments

2090-T8 1 hr/545°C cold 3.5% 14 hrs/ peak-aged
water 160°C

2090-A 1 hr/545°C cold none 1.5 hrs/ under-aged
water 160°C

2090-B 1 hr/545°C cold none 3.0 hrs/ under-aged
water 160°C

209%0-C 1 hr/545°C cold none 7.0 hrs/ under-aged
water 160°C

2090-SHT 1 hr/545°C cold none none model for a-Al
water

2095-A 1 hr/505°C cold 6.5% 20 hrs/ under-aged
water 143°C

2095-B 1 hr/505°C cold 6 % 30 hrs/ peak-aged
water 143°C

2095-SHT 1 hr/505°C cold none none mode! for ¢-Al
water

The experimental procedure began with
loading the sample to 60% of the material yield stress
(YS). Solution was added until the gauge section of
the sample was completely submerged. The solution
was acrated with laboratory air using a fish tank air
pump. A Stonchart BC 1200 potentiostat was used to
potentiostatically hold the specimen at a prescribed
potential using a threc electrode arrangement
incorporating a saturated calomel reference and
platinized niobium counter electrode.  After the
potential was applied, the specimen potential, current
and applicd load was monitored as a function of time
until the termination of the experiment. The end of
the experiment was determined by either the failure of
the specimen or the passage of five days time without
evidence of localized corrosion (both visual
obscrvation and assessment of corrosion current were
used for this determination). TTF and failure/no
failurc were recorded as a function of applied
potential for each combination of material and
cnvironment.

A variation of the basic constant load
experiment was also performed in which the sample
surface was mcchanically destabilized by scratching
with a glass rod in an attcmpt to exposc bare material
to the cnvironment/potential combination. The
scratch was performed after a stable corrosion current
had been obtained at the applicd potential. Upon

scratching a transicnt in the corrosion current was
observed.  After the transient the current either
returned to the pre-scratched value, indicating
repassivation, or increased in magnitude over time
reflecting material corrosion. In cascs where the
sample did not repassivate sample failure occurred
within 24 hours. If the sample did repassivatc the
applicd potential was increcased to a morc anodic
value and the process was repeated until a potential
was reached which resulted in sample failure,

Slow Extension Rate Experiments
The EAC behavior of the rescarch alloys in

the experimental environments was further assessed by
slowly straining spccimens under conditions of
constant applied potential. Specimens were prepared
according to the description given under constant load
experiments. After samples were mounted in the test
cell and the solution added, they were slowly strained
at an initial strain ratc of 10®/sec until failure
occurred. Load, potential and corrosion current were
monitored as a function of time for the duration of
the expcriment.

Straining Electrode Expcriments
These experiments were used to assess the

response of material to combinations of potential and
environment under conditions of plastic dcformation.




Smooth round tensile specimens were mounted in a
cell in a three electrode configuration with a saturated
catomel reference electrode and a platinized niobium
mesh counter electrode. Sample ends and grips were
coated with an insulating material such that only the
gauge length was exposed. Once the sample was
mounted in a screw driven table-top load frame, the
test solution was added, the sample was
potentiostatically polarized then strained to failure at
an initial strain rate of approximately 107/sec.
Corrosion current, potential and applicd load were
monitored as a function of time for the duration of
the experiment.

Scratching electrode experiments
These experiments were used to assess the

electrochemical response of unstrained specimens to
various combinations of environment and applied
potential.  An electrical connection was made to
specimens by spot welding nickel ribbon wire to one
face of a 1 cm?® flat specimen. The specimen was
then mounted in epoxy so that the opposite face was
exposed. The exposed face was polished to a 600 grit
finish with SiC grinding paper. Specimens were
exposed to test solution under an applied potential,
Once a stable corrosion current was observed, the
sample surfacc was scratched with a glass rod. If the
specimen  spontancously repassivated (based on
corrosion current measurements) then the applied
potential was increased by 10mV to a more anodic
value and the process repeated.

IIT. Experimental Results

Constant Load Experiments

Samples of 2095-A,B and 2090-T8 polarized
to —475m Vg in the chloride/chromate environment
all failed in less than 24 hours; however, polarization
10 -550m V., did not result in any perceptible signs of
localized corrosion after five days of exposure.
Similar results were obtaingd for samples in the
chloride/lithium carbonate environment at potentials
of —=700m Ve, and -750m Vg respectively.

When the scratching electrode technique was
used in conjunction with these tests, it was found that
samples would fail at potentials where they had
previously appeared to be stable. The potential where
a transition from repassivation to material failure is
observed has been denoted the critical potential. All
reported critical potentials arc from scratching
clectrode experiments.  Figure 1 shows the critical
potentials for 2095-A, 2095-B, 2090-T8 and 2124-T8 in
the 0.6M NaCl + 0.1M Li,CO, environment. The
scatter in the data and the lack of distinction in

critical potentials in this environment make it
difficultto establish any trends in the data.
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Figure 1. Critical EAC potentials for ST samples
loaded to 609%YS in 0.6M NaCl + 0.1M Li,CO,.

More extensive characterization has been
performed in the 0.IM NaCl + 0.1M Na,CrO,
environment since it has been possible to distinguish
between critical potentials for various materials in this
environment. Figure 2 contains the data for various
materials. The easily identifiable diffcrences in critical
potentials make it possible to use this parameter to
distinguish various matcrials and tempers.
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Figure 2. Critical EAC potentials for ST samples
loaded to 60%YS in 0.1M NaCl + 0.1IM Na,CrQ,.

A significant difference exists in the corrosion
currecnts recorded for the scratching
electrode/constant load tests for under aged 2090
compared to 2090-T8 and the tempers of 2095
investigated. Figures 3 and 4 show the applied tensile
load, corrosion current, and applicd potential for
under-aged and pecak-aged 2090 respectively. Under-
aged material exhibits a very brief period of corrosion
(approximately 20 minutes) between the failure
inducing scratch and material failure and during this
period the corrosion currents only reach 30-50 gA. In



contrast arc the results for the peak-aged material
(Figure 4) in which the sample corrodes for
approximately 24 hours before failure with corrosion
currents in the 100 pA range.
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Figure 3. Underaged 2090-A loaded to 60%YS in
0.1M NaCl + 0.1M Na,CrO,.
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Slow Extension Rate Experiments
At this time only one sample for each of the

temper /potential/environment combinations has been
tested; therefore, the data presented for thesc
experiments is intended to indicate trends in material
behavior and not reflect absolute values of the
measured parameter.

The reduction in elongation to failure
comparcd to straining in air was determined for 2095-
A and 2095-B in the 0.1IM NaCl + 0.1M Na,CrO,
environment as a function of applied potential. The
resulting data is shown in Table 2. For the opcn
circuit experiments there was essentially no change in
clongation compared to the specimens pulled in air
and no evidence of significant corrosion. At
—540mVg; there was a noticcable decrease in
elongation to failure, For this potential no evidence
of localized corrosion was evident during elastic
dcformation while the onset of plastic deformation
coincided with large increascs in corrosion current and
the appearance of visible localized corrosion sites. At
the most ancdic potentials investigated (—475mVg.y)
large corrosion currents were obscrved from the
outset of the test and the specimens suffered complete
loss of material propertics before the yicld strength of
the material was achieved.

Table 2. Reduction in clongation to failure for 2095-A
and 2095-B strained in 0.1M NaCl + 0.1M Na,CrO,
at 10%/sec.

Potential 2095-A 2095-B

.(-YSCEQ- -(gf,nirﬁt,:nv cl‘.air -(gr.airir,cnv el’,air
open circuit 0.01 001

(approx -0.7)

-0.540 0.5 0.8

-0.475 1 1

Straining Electrode Experiments
Straining  electrode  experiments  were

performed on SHT+CWQ 2090 and 99.99 Al; the
former to simulate the behavior of grain interiors and
the latter to simulatc the worst case of copper
depletion along a boundary. Results from thesc
expcriments are  given in Figure 5 for the
NaCl/Na,CrQ, environment at an applicd potential of
-550mVg., and Figure 6 for the NaCl/Li,CO,
environment at an applied potential of -700mVep.
Applied electrochemical potentials were chosen from
regions where the constant load spccimens were
observed to fail after scratching experiments were
performed.  Straining of the 99.99 Al under the
prescribed conditions resulted in large corrosion
currents at the onset of plastic deformation. Plastic




deformation of the SHT+CWQ 2090, however,
resulted in spontancous rcpassivation for each
potcntial/environment combination.
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Figurc 5. Current responses for plastically

dcformed SHT 2090 and 99.99 Al polarized to
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Scratching Electrode Experiments
Scratching electrode  experiments  were

performed to assess the potentials at which various
materials would no longer spontancously repassivate
in the test environments.  Figure 7 contains
representative current vs time plots from scratching
electrode experiments performed on 2095-A and 2095-
B in 0.1M NaCl + 0.1M Na,CrQ,. The first two
graphs are for experiments performed at -550m V..
At this potential scratching the surfacc of 2095-A
results in current transicnts followed by material
repassivation whereas scratching the 2095-B surface
results in sustained corrosion. Increasing the potential
to -525mV,; and repeating the cxperiment on the
2095-A temper results in sustained corrosion. These
experiments demonstrate a  difference in  eritical
potential based upon matcerial temper, The peak-aged
2095-B has a more cathodic critical potential than the
undqx—zi%gsl 2095-A.
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Figure 7. Current responses of two 2095 tempers in
0.IM NaCl + 0.1M Na,CrO, after scratching with
a glass rod.

Figure 8 contains data for scratching
electrode experiments performed on SHT + CWQ 2095
and 99.9% Al. These data indicatc that the critical
potential for the 99.99 Al occurs around -600mVgq,
and the critical potential for the solutionized material
occurs around -500mV,. Since SHT+CWQ 2095
contains approximately 4 w/o copper, this experiment
indicatcs thc bounds of critical potentials for
aluminum containing between 0 w/o and 4 w/o
copper. In order to verify the relationship between



copper content and critical potential scratching
clectrode experiments were performed on three Al-Cu
binarics ranging from 0.1 to 3.96 w/o copper. The
results of these experiments are shown in Figure 9 as
a plot of critical potential vs copper content.

-0.3 GHT 2095 Sampic Scralched 10
-8 -
— . 410 " w
4 propagati =%
5 -04f e 8
z 4107 =
: LI -7 H
;; =05t Cujrcnt repasaivation 110 o
w' —_J__T'—‘_ 1073
E
applicd -
-0.8 . L + L 10
0 1000 2000 3000 4000 5000
Time (minutes)
—0.2 — 07t
5095 AT) Ssmple Seratched
-~ 70 ™ - 107
g £
 ~0.4 | Current -
I 107" <
b4 ~0.5F propagntion ot 2
e -0.6 repaanlvntion’ L
o ? -n [}
B o E 11078
. applied
-0.8 ‘ . L ' 107"
0 200 400 800 aoo

Time (minutes)

Figurc 8. Data for scratching clectrode experiment
performed on SHT 2095 and 99.99 Al in (.1IM
NaCl + 0.1IM Na,CrO,.
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IV. Discussion

A transition from spontaneous rcpassivation
to propagation of corrosion and material failure
occurs at a characteristic applied potential for a given
material/temper/environment combination (Figures 1
and 2). A similar transition in material behavior has
been reported by Buchheit®™ for the environments
under consideration. His data indicated that materials
would not fail when polarized cathodically with respect
the breakdown potential of the T, phasc as
determined by electrochemical characterization of a
bulk casting of the phase!™. A criteria for rapid EAC
failure was proposed as follows: Samples polarized
cathodic to the E, value for the T, phase will not fail
and samples polarized between the E,, values of the
T, phase and the grain interiors will rapidly fail due to
intersubgranular corrosion®™l,

The results of this investigation suggest an
amendment to the criterion for rapid failure. Since
failures have been obscrved in the chloride/chromate
environment at potentials cathodic to -550m Vg and
the reported value for the T, E,, valuc in this
environment is approximately -510m V., it appears
that failurcs can occur below the critical potential
associated with the T, breakdown potential. Rapid
EAC failures occur in the investigated environments
when a critical potential is exceeded, and if localized
attack is responsible for the failures, then the critical
potential should correspond to the electrochemical
behavior of a microstructural feature or featurcs.
Likely candidates include the highly active T, phasc
and a region of copper depletion caused by
precipitation of Cu-rich phascs, or perhaps a
combination of both features.

Evidence of a Cu-depleted region along both
sub-grain and grain boundaries in an Al-Li-Cu alloy
has been reported by Kumai ct al'V in the from of
scanning transmission clectron microscopy/electron
dispersive x-ray data. Profiles across sub-grain and
grain boundarics indicate a rcgion of decreased Al
and incrcased Cu content bordercd by regions of
heightened Al content and decrcased Cu content. The
authors proposcd that the solute depleted zones were
due to the formation of copper rich phases along the
boundaries. Both 2090"% and 2095 are known to be
strengthencd by T, (ALCuLi) precipitation which
occurs preferentially along sub-grain boundarics and,
therefore, it is suspected that similar copper depletion
occurs along boundarics in these alloys as was
observed by Kumai.

In this investigation the worst case of Cu-
depletion has been modellcd with 99.99 Al and the
undcpleted case with solutionized and quenched alloy




material.  The straining and scratching electrode
experiments were performed to determine if the
electrochemical behavior of these materials could be
linked to the behavier of the bulk alloy.

The straining electrode experiments give an
indication of matcrial electrochemical behavior under
conditions of plastic strain for a given environment
and imposed potcntial. The data (Figures 5 and 6)
show that at —350mV,; in the chloride/chromate
environment the 99.99 Al is highly active while the
SHT+CWQ alloy spontancously repassivates upon
being plastically deformed. Thus, at a growing crack
tip under these conditions plastic deformation would
result in a highly active Cu-depleted region and a
spontancously passivating matrix. This bchaviour
accurately predicts the EAC failures observed for the
tempered alloys in the constant load experiments.

Results from the straining  electrode
experiments  only deseribe  the  electrochemical
behavior for two extreme cases of solid solution
copper levels in an aluminum matrix. To evaluate the
relationship between copper content and critical
potential, scratch testing was performed on scveral
aluminum-copper binary alloys. Figurc 9 shows the
resulting data for alloys of 0, 0.10, 1.0, and 3.96 w/o
copper.  These data indicate significant increases
(more anodic) in the critical potential for copper
additions in the 0.1 to 3.96 w/o range. This data
parallels that reported by Gavele!™ for pitting
potentials of Al-Cu binary alloys in a sodium chloride
cnvironment, He found that varying the copper
content from 0 to 4 w/o resulted in an anodic shift of
the pitting potential on the order of 150 mV,

If the critical potentials associated with rapid
EAC failures reflect the electrochemical behavior of
a copper depleted region, then the dependance of
critical potential on copper content (discussed above)
predicts a variability in the critical potentials for alloys
with a diffcrent extent of copper depletion along the
boundarics. A variability in extent of copper depletion
is governed by the initial copper level in the alloy and
by the thermal treatment, Thus, according to this
recasoning, the critical potentials determined by the
constant load testing should vary as a function of alloy
and temper.

Inspection of the data in Figures 1 and 2
reveals that alloys 2090 and 2095 do exhibit different
critical potentials and that different tempers of the
samc alloy also have differing critical potentials. The
only easily distinguishable trend in the data is
identificd by examining critical potentials for different
aging times for a given atloy at a fixed temperature.
According to this criterion, the potentials for the
under-aged (2095-A) and peak-aged (2095-B) may be
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compared to one another and the under-aged tempers
of 2090 may be comparcd. The 2090-T8 may not be
compared to the under-aged tempers since only the
material in the T8 condition underwent a 3.5% stretch
prior to aging (sce Table 1). The critical potential for
the 2095-B temper is found to be cathodic to the value
for the 2095-A temper. According to the model for
copper depletion, this differcnee corresponds to a
greater extent of depletion in the B temper. If the
extent of copper depletion begins at no depletion for
a solutionized and quenche